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Synopsis 


The constant demand for materials with improved performance has led to the development of in 
situ composites. In situ composites embody a class of materials, wherein the reinforcement phase 
IS formed within the parent phase by controlled melt growth, chemical reaction, transformation 
and/or deformation. This single stage process is cost effective and avoids additional steps such as 
sorting, alignment, pressure infiltration and sintering. Additionally, impressive mechanical proper- 
ties are envisaged in some of these composites as reinforcements with clean matrix-reinforcement 
interface are produced within the matrix The reaction based in situ composites are classi- 
fied as liquid-gas (Directed Melt Oxidation and Nitridation), liquid-liquid (Sol-gel), liquid-solid 
(Reaction Metal Penetration), solid-gas (Reduction of Oxides) and solid-solid (Self-propagating 
High-temperature Synthesis, Reduction Reaction) reactions. 

The present study concerns the processing and characterization of in situ composites based on 
liquid-gas reactions. The Directed Melt Nitridation process involves the reaction of an aluminum 
rich alloy in Nitrogen atmosphere to form an AIN/AI reaction product consisting of interpenetrated 
networks of Al and AIN. Additionally, when a porous ceramic preform is placed in conjunction with 
the molten alloy, the reaction product fills up the void space forming a nearly dense composite. 
For nitridation purposes, the aluminum alloy is placed in a recrystallized alumina crucible and 
heated above the liquidus temperature in a tubular furnace by maintaining very low Oxygen partial 
pressure in the reaction gas. For infiltration experiments, loose or sintered preforms were placed 
on top of the alloy billet. Spontaneous infiltration occurs when the preform material is wetted by 
the molten alloy. The infiltrated composites, after furnace cooling, were found to be nearly dense. 
Microstructural characterization was undertaken using X-ray, Optical microscopy, Scanning and 
Transmission electron microscopy techniques. Flexural strength and notch Fracture toughness 
were measured using a four-point loading fixture. 

In the first phase of the experimental work, microstructural development in several binary and 
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ternary Al alloys was examined. Al rich binary alloys without Si, result in surface nitridation 
with the reaction essentially confined to the subsurface layer of the alloys. But with small 
additions of Si, the nitridation mechanism in Al-Mg alloys translates to a bulk nitridation forming 
an interconnected network structure of AIN and Al. Simple weight gain and TGA experiments 
carried out on various Si containing alloys indicate larger conversion to AIN in alloys containing 
higher Mg/Si ratio Further, the growth patterns observed can be divided into various stages. 
After an initial incubation period, when there is loss of volatile solute elements (indicated by 
formation of MgO on the crucible walls and furnace tube), black surface nitride is formed on 
the surface of the alloy. The alloy below wicks through micro-discontinuities of the AIN surface 
layer and small globules begin to form. As the process continues, the wicking dominates at 
various locations and small colonies of globules are formed. The micropore channels within these 
nodules are interconnected and fresh metal keeps coming through these capillaries sustaining 
the outward growth of the AIN/AI composite. The composite formation in Al-Si-Mg alloy is 
dependent on processing temperature At lower temperature (900'’C'), only surface nitridation 
occurs. With increase in processing temperature (1000°C'), bulk nitridation occurs with the 
composite consisting of an interconnected network structure of AIN and Al. At still higher 
temperatures, nitridation dominates and AIN columnar crystal growth occurs. The liquid metal 
wicks through the pores to arrive at the surface. The AIN formation is also sensitive to solute 
atoms present in the alloy. While hexagonal AIN was found in several binary and ternary alloys, 
cubic nitride growth is reported in Al-Si-Mg-Zn alloys for the first time in the present study. 

Though AI-0.5Si-8Mg alloy had the best nitridation characteristics, AI-2Si-8Mg alloy was selected 
for infiltration studies because of its consistency in infiltrating SiC preforms. Various SiC filler 
materials such as fibres, platelets and particulates were infiltrated to obtain SiC/AIN/AI com- 
posites. For comparison, AIN particulate reinforced AIN/AI composites were also produced. The 
surface chemistry of the filler material affects the wetting behaviour and has a greater influence 
on the infiltration process. Distinct heterogeneous nucleation of AIN is seen on Nicalon fibre. 
On the other hand, AVCO SiC monofilaments containing a surface carbon rich layer deter such 
nucleation. 

The effect of temperature and particle size is investigated using SiC particulates. Infiltration 
experiments with three different SiC particle size ranges were performed at lOSO^C for 6 hours 
to study the sensitivity of particulate size on infiltration kinetics The infiltration rate improves 
with increase in minimum pore radius, which is in agreement with existing theoretical models. 
Secondly, the nitride formation rate is enhanced with increase in the mean preform particulate 
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surf3C6 3rc3. Xhis is bGC3US6 th6 p3rticl6 surf3C6 offers sites for AIN nuclestion. Lsstly, Isrger 

shrinkage cavities (microporosities) are seen in coarse particulate reinforced composites due to 
large interparticle spacing, lower conversion to AIN and larger shrinkage within the bulk liquid. 

To study the sensitivity of process temperature on infiltration kinetics, sintered SiC particulate 
preforms of different sizes were infiltrated in the temperature range of 950 to 1100°C. While the 
weight gain data exhibit higher AIN formation at higher temperatures, the porosity levels also 
increased with temperature. TGA studies in SiC preforms indicate higher weight gain compared 
to the base alloy. The activation energy for infiltration process was estimated to be ~25 kJ/mol. 

Maximum flexural strength and fracture toughness of 250 MPa and 7 MPa^/m, respectively, are 
measured for SiC particulate reinforced composites. The property values decrease with increase in 
processing temperature due to enhanced porosity levels. The major drawbacks in SiC reinforced 
AIN/AI composites are the residual aluminum within the matrix and the interfacial reaction which 
forms moisture sensitive AI4C3. The former restricts the usage of these composites to temper- 
atures below SOO^C. By converting the residual aluminum to a high temperature phase, such 
as an intermetallic, the high-temperature limit of their application can be extended. To explore 
the conversion of residual Al to aluminide. Nickel aluminide powder preforms were infiltrated in 
the temperature range 750-1050^(7 and the resultant microstructures were analysed. A higher 
conversion of Al to AIN was observed at all temperatures compared to SiC particulate infiltration. 
At lower processing temperatures (750°C), NijAls phase is retained and finer AIN crystals are 
present throughout the matrix, whereas at higher temperatures (>950‘’C'), Nia^lZa phase is com- 
pletely consumed by dissolution and reprecipitation of NiAla occurs. The mechanical properties 
of intermetallic reinforced composites improve with decrease in processing temperature due to 
retention of Ni2Al3 phase. Maximum flexural strength and fracture toughness of 255 MPa and 
10.4 MPuy/m, respectively, were measured for composites processed at 750^(7. Finally, various 
possibilities to prevent formation of moisture sensitive AI4C3 via interfacial reaction are discussed 
AIN or Si3N4 coating through precursor route are suggested to be a possible solution^ 

The composite growth in preform is modelled based on the fluid flow phenomenon. Previous 
modelling efforts for the liquid metal infiltration through porous preforms were based on a flow 
through bundle of capillary tubes phenomenon. In contrast, for the first time, a flow through 
porous-bed approach combining Navier-Stoke’s and Darcy’s equations has been attempted in the 
present study. To this end, a transient, 2-dimensional, laminar flow model in cylindrical coordinate 
system has been developed. 
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Three different modelling approaches based on an implicit scheme were considered to predict the 
flow behaviour within the liquid metal reservoir and porous preform. These are: (1) Enhanced 
viscosity model, (2) Superimposed porous media model and (3) Modified momentum model. For 
an enhanced viscosity value of 12 Poise within the preform domain, Model 1 could accurately 
predict the infiltration rate during the early stages of composite growth, whereas Model 2 resulted 
in an overestimate of infiltration heights beyond 20005 Of the three modelling approaches 
considered. Model 3 was preferred due to its faster convergence and relative numerical stability. 
The permeability of the preform was estimated to be TxlO^^m^ for the present experimental 
conditions. 

To validate the model, the sensitivity of infiltration height predictions to various numerical ap- 
proximations such as, depth immersed in liquid, grid size distribution and the time step were 
tested computationally. After establishing the reliability of the model, the sensitivity of predicted 
results to process parameters were also examined. Infiltration through preforms of three different 
packing fractions and particulate size were numerically computed. The trend in computed results 
are in accordance with experimental observations and predictions of the capillary bundle model. 
The numerically predicted activation energy of 18 kj/mol for a surface tension force dominated 
system is consistent with the experimentally obtained value. 

In summary, the nitridation characteristics in several aluminum rich alloys was studied under 
various processing conditions. Temperature and Mg/Si ratio are effective variables to control 
nitridation kinetics. Various forms of SiC reinforced AIN/AI composites were developed using 
AI-2Si-8Mg alloy as the infiltrant. While the nitride formation and infiltration kinetics improve 
with increasing SiC particle size and temperature, the mechanical properties show a decreasing 
trend. Nickel aluminide reinforced AIN/AI composites were processed at temperatures as low 
as 1S0°C. The intermetallic reactions are diffusion controlled at low temperatures, but follow a 
dissolution-reprecipitation mechanism at temperatures above the peritectic. Improved mechanical 
properties are attained at low processing temperatures due to retention of high temperature phase 
and particle morphology. Finally, a mathematical model based on flow through porous-bed phe- 
nomenon was developed to predict composite growth rate. The model predictions are consistent 
with experimental observations for variation in particle size and preform packing fraction. 
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Chapter 1 


Introduction 


The constant endeavour to produce materials with specific combinations of properties has 
exhausted the capability of conventional materials. Moreover, with rapid advance in several 
technological areas, there is an increased demand for materials of improved performance. 
In the quest to satisfy this demand, different classes of materials have been developed. 
Composite materials represent a separate category of materials, bringing together often 
extreme, but desired properties. Generally, a composite is defined as a material consisting of 
two or more physically and/or chemically distinct, suitably arranged or distributed phases 
with a separating interface, whose characteristics are not depicted by any of the components 
in isolation [1]^ Palm leaf, wood and bone are some of the naturally occurring composites, 
where flexibility and strength are perfectly balanced. In recent times, man-made composites 
are found in everyday use. Some common examples are reinforced concrete, steel reinforced 
rubber tyre, glass fibre reinforced plastic, etc. 

Generally, composite materials constitute a continuous matrix phase and a reinforcement 
phase. The reinforcement can be in the form of fibres, whiskers, platelets or particulates. 
Depending on the matrix phase, composites are classified as Polymer matrix composites 
(PMCs), Metal matrix composites (MMCs), Ceramic matrix composites (CMCs) and Inter- 
metallic matrix composites (IMCs). Examples of composites formed by combining different 
materials are illustrated in Figure 1.1. A wide variation in properties can be achieved by 


^references listed at the end of each chapter 
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controlling the proportion of the phases and their distribution during processing. Currently, 
in processing of composite materials, synthesis is the key step, where different phases are 
combined to develop a spectrum of new materials with a wide range of properties. The focus 
of this thesis is on processing of composites which are in the domain of MMC and CMC 
materials. 

(intermetallics ] 

Ni3Al.TiAl,MoSi2,Fe3Al 


High melting, Oxidation/Corrosion 
resistance and high strength 



Poly-p-phenylene terephthalaimde(PPTA), 

Poly"p-ben2amide(PBA) 

Light, easily formed, low density, 
strong and stiff fibres 

Figure 1.1: A representative figure showing different classes of materials with examples of 
composites formed thereof. 

The most common CMC processing routes are Hot Pressing and Hot Isostatic Pressing (HIP) 
[2j. They are expensive because of the high temperature and pressure needed to consolidate 
ceramic powders. An optimization of temperature and pressure is required to eliminate 
porosity, fibre damage and interfacial reactions. Alternatively, Chemical Vapour Infiltration 
(CVI) or Chemical Vapour Deposition (CVD) are used to infiltrate porous preforms [2]. In 
these processes, a solid material is deposited from gaseous reactants onto a heated substrate 
(preform) under isothermal conditions. In the case of CVI, a temperature and/or pressure 
gradient is applied to improve the deposition rate. The drawbacks in these methods are: 
slow processing rate, high cost and residual porosity. Additional ceramic processing routes 







which can be modified to produce CMCs are Sol-gel synthesis and Self-propagating High- 
temperature Synthesis (SHS). These processes will be discussed in the following chapter. 

MMCs are conventionally produced by solid-state or liquid-state processing routes. Among 
the former, Powder Metallurgy techniques are commonly used to produce composites with 
particulate, whisker or fibre reinforcements. Metal powder and reinforcements are blended 
together, and sintered to attain theoretical density of the matrix. Alternatively, MMCs can 
be produced by Plasma Spray, Chemical or Physical Vapour Deposition followed by Hot 
Pressing/HIPing [3,4]. Among the liquid state MMC fabrication methods. Vortex method, 
Rheocasting and Squeeze casting are prominent [5]. Rheocasting (or Compocasting) involves 
the addition of particulate or whisker reinforcements into a semi-solid metal in the agitated 
state. Continuous agitation breaks down the solidifying dendrites into fine spheroidal par- 
ticles. The composite mixture with relatively low viscosity can then be cast into a single 
billet (Rheocasting). Alternatively, the semisolid mixture can be reheated above the liquidus 
and die cast along with the reinforcements to near-net shape (Compocasting). On the other 
hand, a larger fraction of reinforcement can be incorporated via Squeeze Casting. In this 
process, a porous preform is placed in a preheated die, into which molten metal is forced by 
a hydraulic press. 

The conventional composite processing techniques involve several expensive processing steps. 
Economic considerations have restricted their use to high performance applications, where 
cost is not the primary concern. In situ Composite is a term applied to a relatively small, 
but fast growing category of materials, wherein the reinforcing phase is formed within the 
parent phase by controlled melt growth, chemical reaction, transformation and/or defor- 
mation. Composite manufacturing via in situ process is confined to the thermodynamic 
and kinetic space, through control of composition and process variables to arrive at du- 
plex or multiphase structures. This single stage synthesis route has considerable advantage 
over conventional processes described earlier. Complicated additional steps, such as sorting, 
alignment, pressure infiltration and sintering are eliminated. Hence, these composites are 
cost effective. In addition, strengths of some of these composites are better, because an im- 
purity free reinforcement with clean matrix-reinforcement interface is produced within the 



parent phase. 


The term in situ with reference to composites was first used to describe directionally so- 
lidified alloys. Controlled heat flow during solidification in certain binary alloys results in 
extended directionality of the microconstituents to give impressive mechanical properties. 
Many eutectic and monotectic systems offer such aligned, faceted or non-faceted two phase 
structures [6, 7]. The last ten years have seen the advent of many novel in situ processes, 
which are developed to meet specific property requirements. Several of these new materials 
have the potential to replace conventional materials. The processing, properties and process 
modelling of one such process, namely Directed Melt Nitridation and Infiltration through 
porous ceramic preforms is examined in this thesis. The process involves the reaction of an 
aluminum alloy in Nitrogen atmosphere to form an AIN/Al reaction product. Additionally, 
when a porous ceramic preform is placed in conjunction with the molten alloy, the reaction 
product fills up the void space, forming a nearly dense composite. 

In the present work, various aluminum rich alloys are examined to optimize their nitridation 
and infiltration characteristics. Using the selected alloy, the influence of various processing 
variables on infiltration through porous ceramic (SiC, AIN) and intermetallic (Nickel alu- 
minide) preforms are studied. Lastly, a mathematical model is developed to simulate the 
infiltration phenomena and predict the composite growth. The organization of the thesis 
is as follows. Following this introductory chapter, a literature review on in situ composites 
is presented in chapter 2. The review consists of the processing and properties of in situ 
processed composites, with special reference to pressureless, reactive infiltration in Nitro- 
gen and Oxygen atmospheres. Models for the strengthening and toughening mechanisms in 
such metal-ceramic composites are also described. Chapter 3 illustrates the experimental 
procedures concerning the aluminum alloy nitridation and preform infiltration in Nitrogen 
atmosphere. The microstructural and mechanical property characterization techniques em- 
ployed are described. The results of nitridation kinetics of various aluminum rich binary 
and Si containing complex alloys are presented in chapter 4. In chapter 5, the results of 
infiltration into SiC, AIN and nickel aluminide preforms under various processing conditions 
are elucidated. These results are discussed in the light of processing parameters, microstruc- 
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tural development and mechanical property variations. Chapter 6 consists of a mathematical 
model developed based on flow through porous-bed phenomena, to predict the infiltration 
kinetics in terms of the processing variables experimentally studied in chapter 5. Chapter 7 
consists of the conclusions arising from the present work. Finally, in chapter 8 the scope for 
further work is presented. 
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Chapter 2 


In situ Composites 

2.1 Introduction 

To overcome some of the inherent problems associated with conventional materials pro- 
cessing, several in situ methods have been developed to obtain metal/ceramic composite 
materials. In this chapter, recently developed processes are reviewed with special emphasis 
on directed melt oxidation and nitridation. Composites processed via in situ methods offer 
microstructures with varying metal/ceramic combinations. In some processes, metal matrix 
composites dispersed with controlled quantities of ceramic phase(s) are possible; whereas in 
others, ceramic composites with isolated/interconnected metallic dispersions are obtained. 
Further, the volume fraction and distribution of the phases could be tailored to specific 
property requirements by controlling the processing variables, namely processing tempera- 
ture, time, reactant phases and filler materials. The properties of in situ processed materials 
primarily depend on the matrix and the volume fraction of the dispersed phase. In the later 
part of this chapter, the mechanical properties, strengthening and toughening mechanisms 
and potential applications of in situ processed composites are also presented. 
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2.2 Synthesis of In situ Composites 

The first directionally solidified in situ composites were non-structural in application [1,2], 
but later the process was proven to be successful in the development of new materials that 
replaced conventional superalloys [3,4]. The principal motivation was to control the grain 
morphology (low boundary energy) and texture with a preferred crystallographic orientation 
parallel to the direction of solidification [5-7]. Thompson et al. [8], while studying the di- 
rectional solidification of Co-Cr-C monovarient eutectic alloys, reported that the hexagonal 
(Cr,Co) 7 C 3 fibrous carbide phase grows in the [0001] direction and the Co-Cr solid-solution 
matrix has its [211] axis aligned to the growth direction. Further, the interfaces produced 
in these materials have strong and stable bonding which cannot be easily achieved in other 
synthetic composites. Additionally, they offer high-temperature strength and excellent creep 
resistance [9-11]. Over the years, directional solidification has evolved into a viable commer- 
cial process leading to substantial advances in component performance. 

In materials where controlled solidification is not feasible, there are other methods to de- 
velop composite microstructures. If the alloy contains two ductile phases, they can initially 
be produced by casting or powder metallurgy technique, and subsequently deformed by 
mechanical means (e.g. swaging, extrusion, rolling or drawing) to obtain filamentary type 
composites with exceptionally high strength [12-15]. This family of materials are now com- 
monly known as Heavily Deformed Insitu Composites (HDISC). A number of alloys, such 
as Ag-Cu, Ag-Ni, Cu-Cr, Cu-Fe, Cu-Ta and Cu-Mo are processed by subjecting them to 
extensive deformation. NbaSn/Cu composites used for superconductor solenoids are pro- 
cessed using HDISC technique. Similarly, Nb-Ti/Cu alloys processed by ‘bundle and draw’ 
technique are used in high-speed trains, Nuclear Magnetic Resonance (NMR) and Magnetic 
Resonance Imaging (MRI) systems. The properties and strengthening mechanisms of various 
deformed composites are summarized by Courtney [16]. Although the property improvement 
in HDISC materials is substantial, the process is yet to be fully exploited for commercial 
applications. 

Another approach for producing high-strength in situ composites is based on the principle 
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of dispersion strengthening. In this case, the metal matrix is strengthened by a fine (10-100 
nm) dispersion of second phase particles such as oxides, carbides or intermetallics. Particu- 
late dispersion can be achieved by a number of ways, namely surface oxidation of ultrafine 
powder followed by compaction, sintering and extrusion of fine powders, mechanical alloying, 
co-precipitation, internal oxidation, decomposition of inorganic compounds and electrolytic 
methods [17-21]. The strengthening mechanisms of dispersion hardened alloys are similar 
to that of conventional precipitation hardened alloys in the over-aged condition. The dis- 
persoids hinder the movement of dislocation. The strength enhancement due to interaction 
between the particles and dislocations was earlier explained by Orowan [22] and Martin [23]. 
Additional strengthening arising from grain size refinement (Hall-Petch strengthening) also 
contributes to the overall property improvement. Contrarily, at higher temperatures, grain 
growth may have the opposite effect. Moreover, thermal energy aids the climb of dislo- 
cations over particles providing additional freedom of motion to the dislocations. Several 
models have been proposed to explain the climb of dislocations over dispersoids and relate 
the phenomenon to the observed mechanical properties [24-29]. 
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Figure 2.1: Composite processing via in situ methods. 


The earlier described processes are based on either deformation or controlled solidification 
to acquire desired phases. Several processes have been developed in the recent past which 
involve selective in situ reactions to form ceramic/metallic phase(s) within the parent matrix. 
Many of these processes are yet to find commercial application and are still in developmental 
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stages in various laboratories. In the following sections, the processing and properties of 
recently developed in situ composites are reviewed. For the sake of clarity, the processing 
methods are classified based on the reactant phases, namely liquid— gas, liquid— liquid, liquid- 
solid, solid-gas and solid-solid reactions (Figure 2.1). 

2.2.1 Liquid-gas reactions 

(a) Blowing of reactive gases into liquid melts 

An economical way of synthesizing metal-ceramic composites is by bubbling the reaction 
gas into molten metal, containing various reactive elements. Fine dispersoids of thermo- 
dynamically stable refractory compounds are produced by the direct interaction between 
the liquid metal (with alloying elements) and the gaseous species. The matrix is usually a 
non-ferrous metal, such as Al, Cu, Mg, Ni or Ti, while the reinforcement phase could be 
carbides, nitrides or a good admixture of both. Since the reaction takes place in situ at a 
pre-determined temperature, the reinforcement phase is chemically clean and the interface 
is beneficial from mechanical property viewpoint. The final microstructure consists of fine 
dispersoids of ceramic phase in a metal matrix. Some examples are: 

1. Al-Ti(l) or Al-Si(i) reacts with carbon (from a gas) to form thermodynamically stable , 
(e.g. SiC) or unstable carbides (e.g. AI4C3). 

2. Ti-Al(/) reacts with Nitrogen to precipitate one or more nitrides (e.g. TiN, AIN) within 
the matrix. 

3. Controlled melt reaction of Al-Ti(/) with ammonia-methane gas mixture to arrive at 
mixed carbide/nitride phases, e.g. (TiC-f-AlN), Ti(CN)-f Al(CN). 

The main advantage of the process is its amenability to continuous casting and to near net 
shape manufacturing [30,31]. However, the the process has the following drawbacks; (i) 
the volume fraction of the reinforcing phase is low and limited to only those systems that 
react rapidly with the gaseous species, (ii) the dispersoids tend to segregate and (iii) high 
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temperatures are required to enhance kinetics. Literature on this topic is available in the 
form of reports or patents [32]. However, no information is available on the commercial 
success of this process. 

(b) Directed melt oxidation (dimox) process 
(z) Principle of controlled oxidation 

When pure aluminum is oxidized, a thin oxide (7-AI2O3) layer forms on the surface which 
effectively prevents further oxidation of the underlying metal. The oxidation behaviour of 
pure aluminum drastically changes with small additions of volatile elements, such as Mg, Zn 
and Li. Such microstructural changes in the case of Al-Mg alloys were extensively studied 
[33-37]. Cochran et al. [37] examined the oxidation kinetics by varying the atmosphere and 
reported continuous oxidation of the alloy (termed as break-away oxidation) with increment 
in temperature as well as Mg concentration of the alloy. Similarly, Zn addition delayed 
AI2O3 nucleation and promoted the pore formation in the surface oxide. Earlier, some of 
these investigations were carried out with an intent to suppress oxidation during melting or 
heat-treatment. After a decade or so, resurgence of the same break-away oxidation process 
from another viewpoint led to the development of a novel process for the production of 
metal/ceramic matrix composites. In this technique. Mg (or other volatile species which 
form a non-protective oxide) containing aluminum alloy is treated at high temperatures 
(much above the liquidus) to give rise to interconnected and interpenetrating AI2O3/AI 
composite structures. This in situ synthesis route developed by Lanxide Corporation, USA 
is currently known as Directed Metal Oxidation (dimox) process [38-40]. 

The directed metal oxidation of aluminum alloys involves the reaction of a bulk molten alloy 
with a gaseous oxidant to produce a solid body via a directed growth process. The reaction 
product forms initially on the exposed surface of a pool of molten alloy and then grows out- 
ward by wicking of additional metal through the ceramic product of the oxidation reaction 
(Figure 2.2). The resulting microstructural constituents are three dimensionally intercon- 
nected and are different from conventionally processed powder metallurgy products. The 
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Figure 2.2; Schematic of the outward growth of metal/ceramic reaction product (a) into free 
space and (b) through filler material 

residual metal content in the composite can be varied by altering the processing conditions 
and the composition of the base alloy. These metal containing composites are expected to 
have good stiffness, fracture toughness, thermal shock resistance and excellent wear resis- 
tance. The potential advantages of DIMOX process are its simplicity, low processing cost, 
flexibility in filler material selection, near net shapes and desired mechanical properties by 
tailoring the microstructure. Currently, the process is being successfully used to produce a 
number of engineering components [40-43]. The same process can be modified by placing 
filler materials (e.g. fibres, whiskers, particulates, platelets, etc.) in the path of the outward 
growing oxidation product to obtain ‘multiphase’ materials with a wide range of proper- 
ties [44,45]. A schematic diagram of the crucible configuration with and without preform is 
shown in Figure 2.2. Some examples of multiphase composites obtained via infiltration are 
AI2O3/AI, SiC/Al203/Al, etc. However, the condition for favourable infiltration is that the 
filler material must be compatible with the oxidizing atmosphere at the processing temper- 
ature and that the filler material must be wetted by the alloy. The infiltration process is 
discussed in greater detail in the subsequent sections. 

(ii) Process variables 

Several investigators have examined various aspects of directed melt oxidation in binary, 
ternary and even in complex alloys [46-53]. From these studies, it is evident that addition 
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of volatile solute elements, such as Mg, Na, Li and Zn, singularly or in combination (up to 
10 wt.%) are essential for continuous growth of the composite. These elements primarily 
alter the wettability of the liquid alloy besides forming a thermodynamically unstable, non- 
protective surface oxide layer. Further, these elements diffuse at a rapid rate to form an 
oxide on the surface and dissociate under specific conditions during the process. In addition 
to volatile solute atoms, other elements, such as Si, Ge, Sn and Pb (group IVB elements) 
may also be added to control the reaction kinetics and wettability [54]. These elements 
could be introduced externally in the form of elemental or oxide powders to accelerate the 
oxidation process [37,46,52,55-57]. Moreover, the external surface oxide dopants reduce 
initial incubation period. 

In addition to chemistry of the melt, growth rates are also controlled by oxidation tempera- 
ture, process duration, and to a certain extent by the partial pressure of Oxygen. Oxidation 
temperatures below 950°C result in selective conversion of Mg to MgO or MgAl 204 ; whereas 
temperatures above 1400°C lead to the formation of a porous material. Hence, the process- 
ing temperature is restricted between 1000-1350°C' when Mg additions are made. However, 
the temperature range changes marginally depending on the type and concentration of solute 
atoms. Similarly, the residual metal volume fraction was shown to decrease with increasing 
holding time [43]. Further, many investigators have suggested that the growth rates are sen- 
sitive to the partial pressure of Oxygen [51,53]. Nagelberg [49] cited a dependence 

for the oxidation of Al-10Si-3Mg alloy where a normalized weight gain of 0.2 gfcm^ was 
reported. Contrarily, no significant influence of Oxygen partial pressure was observed in the 
case of a more complex alloy (Al-8.8Si-2.8Zn-3.lCu-l.lFe-0.25Mg) [46]. 

(Hi) Thermogravimetric studies on the oxidation of different alloys 

Thermogravimetric analysis (TGA) was performed on various alloys to understand the 
growth kinetics. A typical TGA curve of an Al-Si— Mg alloy oxidized at 1250°C is shown in 
Figure 2.3. The general features for Al-Mg and Al-Si-Mg alloys are essentially the same 
except that the incubation period is noticeably shorter in the later case. The oxidation pro- 
cess can be divided into four distinct stages. Initially, during the incubation period, there is 
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Figure 2.3: TGA analysis of Al-2Mg-10Si alloy showing various stages of oxidation [51]. 


little or no weight change (stage 1). As the process continues, a sharp momentary increment 
in weight is noticed (stage 2), followed by a steady state where a continuous increase in 
weight is observed (stage 3). Finally, saturation is reached when little or no further weight 
gain occurs (stage 4). The small weight loss observed in some alloys during the initial incu- 
bation period is attributed to the rapid vapourization of Mg [53]. Subsequently, the sharp 
weight gain in stage 2 is due to the formation of spinel (MgAl204) layer on the surface. The 
oxidation rate decreases to a minimum (0.03-0.05 g/crn?) following the spinel formation, 
which is indicative of the thickening of the duplex layer [51]. After approximately 10 hours 
(depending on the alloy and temperature), a gradual increase in weight is observed, when an 
uninterrupted growth of AI2O3 takes place. Finally, the curve drops due to the exhaustion 
of the liquid metal in the reservoir as well as in the micro-channels. 


The activation energy for composite growth calculated for different alloys vary from 89- 
400 kJ/mol, depending on the composition of the alloy (Table 2.1). Typical growth rates 
reported in the literature are in the range of 5-8 mmfday, with maximum rates as high as 
30 mm/ day [40], 
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Table 2.1: Activation energies of oxidation for different alloys. 


Author 

Alloy composition 
{wt.%) 

Activation energy 
(kJ/mol) 

Jayaram [39] 

Al-Mg 

180-400 

Nagelberg [46] 

Al-8.8Si-2.8Zn-3.lCu- 

l.lFe-0.25Mg 

89 

Nagelberg et al. [50] 

Al-10Si-3Mg + trace Fe 

370 

Vlach et al. [53] 

Al-2.85Mg-5.4Si 

270 

Dhandapani et al. [63] 

Al-10Si-3Zn-lMg 
with SiC particulates 

258 


(tv) Composite growth reaction mechanism 

During the initial period, when the liquid alloy is heated to elevated temperatures, a dull 
gray non-protective MgO layer is formed on the surface (Figure 2.4). This layer undergoes 
microcracking and buckling due to stresses generated by volumetric expansion. At the same 
time, the underlying aluminum reacts with MgO to form MgAl 204 below the MgO layer 
formed earlier. The spinel layer begins to coarsen with time, as the oxidation progresses. 
It is porous and contains interconnected micro-channels containing metal. Salas et al. [52] 
have indicated that the formation and coarsening of channels is due to: (i) some form of 
morphological instability at the spinal/metal interface or (ii) entrapment of liquid metal in 
a fast moving oxidation front in the early stages of oxidation. The faster diffusion of Mg^"*" 
relative to AF+ through the spinal layer causes MgO to continuously form on the surface. In 
the initial stages, the oxidation event is completely dominated by the formation and growth 
of the duplex layer (Mg 0 +MgAl 204 )- The details of spinel layer formation were reported 
by several investigators [50-53]. 

In the next stage, the liquid metal from the alloy reservoir wicks through the micro-discont- 
inuities of the duplex layer and emerges as small nodules on the surface of MgO (Figure 2.4). 
Mg in the liquid alloy is believed to aid the wicking process by modifying the wetting 
characteristics of the alloy. As the alloy climbs to the surface, it gets oxidized and once 
again the duplex layer covers the nodules. Such nodules nucleated from the surface layer 








2.2 Synthesis of In situ Composites 


15 


(1) Duplex layer formation 


(2) Wicking through the 
Duplex layer 


(3) Planar front formation 
and initiation of AI2O3 
in nodules 




Oxygen 

I i 




MgAl 204 


MgO 


tMg tMg 
Aluminum alloy 



Aluminum alloy 
Metal 


-MgO 

^MgAip4 
interspersed 
with alloy 


Nodule filled with 
Metal & Ceramic 

MgO 

MgAlA 


Nodules' 


Oxide layer(s) 



Aluminum alloy 


(4) Bulk growth of AI2O3/AI 
and dissociation of 
underneath Oxides 



MgO — > Mg^++ 26 + O 
MgAIjO^— > Mg^^H- 2At’^+ 8e + 40 
(under Oxygen partial pressure gradient) 


Figure 2.4: Schematic diagram illustrating the various surface microstructural changes oc- 
curring during oxidation of Al-Mg and Al-Si-Mg alloys. 


eventually coalesce to form a ‘cauliflower’ type of colony and several such colonies join to 
develop a planar growth front. The liquid in the nodules maintain contact with the alloy 
reservoir and further wicking continues uninhibitedly to feed metal to the reaction interface. 

The most interesting microstructural development in DIMOX process is the transition from 
MgAl204 formation to AI2O3. For the initiation of AI2O3 formation, Mg concentration in 
the liquid alloy is critical. When Mg concentration in the alloy shifts to the (Al,Mg) + 
AI2O3 + MgAl204 tertiary phase field in the Al-Mg-0 ternary diagram, AI2O3 nucleation 
occurs. But a duplex layer continues to exist on the surface of the nodules [47]. It is esti- 
mated that when the Mg concentration drops below 0.3 wt.%, AI2O3 formation completely 
dominates the growth. At this stage, only a thin layer of MgO is seen at the oxidation front 
(Figure 2.4) [51,52]. Although AI2O3 appears isolated in a cross-section, it is interconnected 
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three dimensionally and grows continuously for several tens of microns due to constant sup- 
ply of liquid alloy and Oxygen [47,49]. Back reflection X-ray and TEM studies documented 
that Q;-Al 203 grows epitaxially, parallel to its c-axis of AI 2 O 3 , consisting of a large number of 
low angle grain boundaries [46,52,58]. However, no crystallographic orientation was detected 
in the metallic phase. Based on TGA runs carried out in Argon/air, Debroy et al. [ 59 ] are 
of the opinion that the wicking process is not rate controlling for the growth of AI 2 O 3 . They 
concluded that the rate of oxidation is influenced by the rate of transport of ions through 
the oxide matrix. 

The bulk growth of such AI 2 O 3 /AI generates an Oxygen gradient across the underneath 
composite layers (MgO - 4 - MgAl 204 ), which dissociate to give Mg^"*", AF+ and ions. 
Mg^”^ ions diffuse towards the surface and help in maintaining a non-protective MgO layer 
on the surface, whereas AH+ and contribute to the growth of AI 2 O 3 in the bulk composite 
[51,52,60]. A similar sequence of microstructural features was reported in Al-Zn and Al-Mg- 
Zn alloys [47,49], although there were some differences in the morphology of oxide formed, 
diffusion and dissociation rates of the elemental species. 

(c) AI2O3/AI growth into ceramic preforms 

A direct extension of the DIMOX process is the directed melt infiltration (DMI). Herein, the 
AI2O3/AI reaction product is grown into cavities of a porous preform [38,44]. The oxidation 
growth is restricted or channeled within the cavities of the filler material resulting in near 
net-shape, avoiding expensive composite machining to a large extent. The preforms used 
are made to the shape of the final product, using ceramic particulates, whiskers or fibres. 
Loose powder or fibre preform can also be used, and the shape obtained is roughly that 
of the container within which the composite growth is restricted. Reinforcement varying 
between 30-80 vol.% is feasible. Thus, a wide range of ‘multiphase’ materials with tailored 
mechanical properties can be processed using diflPerent volume fractions of various types of 
fillers. The literature search reveals that SiC and AI 2 O 3 particulates are commonly used as 
filler material, while infiltration was also possible in a number of other oxide and non-oxide 
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systems [38,42,44,61]. Some examples of preform/alloy combinations, and their growth rates 
are given in Table 2.2. 

Table 2.2: Growth rates for different alloy and preform combinations. 


Authors 

Alloy composition 
{wt.Yo) 

Preform 

material 

Growth rate 

Newkirk et al. [38] 

Al-Mg -h (Si, Ge, Sn & Pb) 

AI2O3, SiC, 
BaTiOs 

2.5-3.8 cm /day 

Manor et al. [45] 

Al-5.lZn-0.17Mg-9.lSi-3.2Cu- 

l.lFe-0.23Mn-0.08Ni-0.05Sn 

SiC 

16 y.g/emP'/s 

Pickard et al. [157] 

Al-3.5Cu-8.5Si-l.3Fe-3.0Zn- 

O.lMg 

SiC 

— 

Muralidhar et al. [64] 

Al-5Zn(0.3Mg) 

A1203 

5 [ig/crr? /s 

Dhandapani et al. [63] 

Al-10Si-3Zn-lMg 

SiC 

3-6 jjLg / cm?' / s 


The criteria for selecting a filler material are as follows. Firstly, the alloy should neces- 
sarily wet the preform material, i.e. a low contact angle (>90°) is essential. Few selected 
preform/alloy combinations exhibit favourable response. The wetting characteristics are gen- 
erally improved by alloying with volatile species, viz Mg, Zn, Li, etc. Further, these solute 
atoms form an oxide coating on the surface of preform particles and modify the wetting 
behaviour. Secondly, preform material should be compatible with the alloy and the reaction 
atmosphere (in this case Oxygen). A limited reaction (reactive infiltration) between the 
preform and liquid alloys is desirable to increase the infiltration rates. However, such in- 
terfacial interactions should not be detrimental in achieving optimum mechanical response. 
In extreme cases, where the interfacial reaction is intense, alloy modification, barrier coat- 
ings or both become necessary. For instance, Nicalon SiC fibre preforms are coated with a 
protective layer to prevent surface oxidation and alloy-fibre reactions [44]. 

The microstructural features of infiltrated AI2O3/AI composites are similar to the composites 
obtained by directed melt oxidation of various aluminum alloys. However, reinforcements 
tend to refine the microstructure to a certain degree and the relative proportion of AI2O3/AI 
content varies marginally (Figure 2.5). The microstructures can be further refined by addi- 
tives. such as Ni [45,62]. Composites with filler material exhibited higher weight gain rates, 
indicating enhanced growth rates compared to the base alloy. Also, oxidation rates were 
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Figure 2.5: (a) Volume fraction of metal retained in composites processed at various temper- 
atures, with and without preform, (b) Weight gain plot for SiC preforms of different particle 
size. (T=1000°C')[45] 


found to increase with decreasing particle size [45,63]. Manor et al. [45] suggested that the 
increment is at least by a factor of two. This is attributed to the decrease in free energy 
at the liquid alloy /preform interface due to vapour phase deposition of oxide layers ahead 
of the oxidation front. In alloys, such as Al-5.lZn-0.17Mg-9.lSi-3.2Cu-l.lFe-0.23Mn-0.08Ni- 
0.05Sn, although very high infiltration rates could be achieved, segregation of Fe and Si rich 
phases and brittle intermetallics undermined the overall toughness of the composite. 

As the liquid climbs through the preform, occasionally the oxidation front is blocked, result- 
ing in large size pores (macro-porosity); whereas local solidification shrinkage of metal in 
AI2O3/AI composite results in microporosity. The porosity was claimed to increase with Mg 
content in the alloy, oxidation temperature and reinforcing particle size, although data avail- 
able in the literature are sometimes contradictory [48]. Both micro and macro-porosities 
can be controlled to a limited extent either by isothermal holding between the oxidation 
temperature and the liquidus of the alloy before sohdification, or by suitably altering the 
alloy composition [45]. 


(i) Infiltration into SiC preforms 

SiC inherently consists of an oxide (Si02) layer of a few nanometers. When SiC powder is 
sintered in air to make the preform, the surface oxide layer thickens with increasing time and 
temperature. In order to infiltrate aluminum alloys into SiC preforms, high Si containing 
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alloys (at least 8-10 wt%) are preferred because they suppress the formation of AI4C3 [39]. 
The silica layer on the surface of the SiC is reduced by the advancing aluminum and causes 
reactive wetting^ through the following reaction: 

SSi02 + AAl — ^ 3Si -H 2A./2O3 (2*1) 

Such reaction induced wetting is sensitive to both alloy composition and the substrate. Si 
released by reduction of silica occupies a significant portion of the channel space and in some 
instances, solid Si in the channels inhibit further growth by ‘choking’ the micro-channels. 
Further, redissolution of Si into the liquid aluminum can alter the oxidation kinetics [63]. 
Simultaneously, AI2O3 nucleating on the SiC particles, competes with the epitaxially growing 
AI2O3 in the liquid. From theoretical calculations, AI2O3 generated via secondary nucleation 
was found to be between 25-30 vol.% of the total alumina present in the AI2O3/AI composite 
[48]. Thus, the secondary nucleation of alumina not only refines the grain size in a limited 
way, but also results in a randomly oriented structure in the infiltrated AI2O3/AI composite. 
However, alumina crystals maintain preferred crystallographic orientation along [0001] for 
a larger distance with low angle grain boundaries [45,48,49,58]. In some composites, large 
angle boundaries were also reported [48]. 

SiC preforms are infiltrated by a large number of aluminum alloys. Mg and Zn are the 
important alloying additives which exhibit influence over the composite growth. Especially, 
when Zn is present in the alloy, the particulates and the crucible wall above the liquid metal 
are coated with ZnO, but the growth principle is similar to that of the base alloy discussed 
previously. It is believed that Oxygen is partially transferred to the aluminum by continuous 
reaction of ZnO layer formed above the molten aluminum according to the reaction: 

3ZnO -f 2Al AWz -b 3Zn (2.2) 

giving rise to secondary AI2O3 nucleation on the surface of SiC particulates [45]. 


^This was verified by infiltrating through silica free SiC {acid washed) where no infiltration could be 

achieved. 


2.2 Synthesis of In situ Composites 


20 


(ii) Infiltration into Al^Oz preforms 

Unlike SiC, AI2O3 is stable up to higher temperatures and does not degenerate in the presence 
of an aluminum alloy at the oxidation temperatures. In the case of Al-Mg and Al-Si-Mg 
alloys, Mg reacts with AI2O3 to form spinel at the interface. The degree of conversion from 
AI2O3 to MgAl204 depends on the concentration of Mg and reaction temperature. When 
Al- 5 Zn alloy was used for infiltration, the normalized growth rates increased by a factor of 
four as compared to oxidation into free space [ 48 ]. A ZnO layer was formed on the preform 
particulates giving rise to a reduction induced wetting. But the fast growth rates tend to 
result in an undulated growth front and non-uniform infiltration, leaving behind macro- 
porosities within the composite. The former could also be due to uneven coating of the 
AI2O3 particulates, as the ZnO vapour chooses ‘preferred’ path for vapour transport and 
deposition. This problem is partially overcome by addition of small amounts of Mg, which 
stabilizes the growth front. Although there are similarities in the role of Mg and Zn in 
DIMOX, the differences in their individual contributions are not fully understood. 

In Al-Si-Mg alloy infiltrated SiC composite, there was no evidence for any crystallographic 
orientation relationship between the oxidation product (AI2O3) and the particles of the pre- 
form. On the other hand, in Al- 5 Zn alloy infiltrated AI2O3 composites, secondary nucleation 
of AI2O3 are reported to exhibit epitaxial growth on the preform particles [ 48 ]. 

(d) Nitridation of liquid alloys 

When pure aluminum is held in Nitrogen atmosphere above its melting point, it forms a 
passivating nitride layer on the surface which is stable and prevents further reaction. But, in 
the presence of alloying additions, such as Mg and Si, the passivating layer becomes unstable 
and exposes the underlying metal to the atmosphere resulting in continuous nitride forma- 
tion. The process is analogous to that observed in oxidation [ 58 ], where the phenomenon is 
understood to a large extent. An interconnected and interpenetrating AI2O3/AI composite 
is formed by the diffusion of Oxygen through a magnesia and spinel layer into the underlying 
aluminum alloy. Similar microstructures of AIN/Al are evolved by the adsorbed Nitrogen 
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being precipitated as AIN within the aluminum matrix [65]. 

Directed melt nitridation is in some ways a more attractive process, as the process variables 
cover a wide range of microstructures and consequently, a spectrum of properties. The 
activation energy for nitride formation (AIN a: 100 kJ/mol) [65] is by far less compared to 
oxidation (AI2O3 a 400 kJ/mol). Moreover, the nitride growth rates (3 x 10“^ g/cm^/s) 
are higher compared to oxidation by a factor of three [66]. 


In the initial stages, understanding of the nitridation process was made difficult by several 
processes that are taking place simultaneously, namely (i) nitride formation, (ii) wicking 
of metal through the reaction product and (iii) growth of composite through the preform 
void space (when a preform is in use). The dominant variables which effectively control the 
process are (i) the alloying additions, (ii) reaction atmosphere, (iii) processing temperature, 
(iv) time and (v) the preform material being used. These variables influence one or more of 
the above mentioned processes and make the identification of their individual roles complex 
in the overall process. But such an effort is necessary to have a better understanding of the 
reaction mechanism. In the following sections, an analysis of the role of individual variables 
and their collective influence on microstructure development are elucidated. 


(i) Role of atmosphere 

A necessary but not sufficient condition for nitride formation is an Oxygen and moisture free 
atmosphere [67,68]. For aluminum to nitride rather than oxidize, the Oxygen partial pressure 
has to be maintained below a threshold value. The Gibbs free energy for the reaction: 


AI2O3 + N2 


2AIN + -O2 


(2.3) 


at 1000°G is AG^ = +908 kJ/mol. For AIN to be the stable phase, the equilibrium has to 
shift to the right. The equilibrium partial pressure of Oxygen is given as: 

1 2/3 


P02 


O^AhOs 


exp 


AGy 


(2.4) 

UAIN \ RT “ 

Assuming = 1, the critical Oxygen partial pressure for nitride formation is <10~^° Pa. 
But nitride formation is observed much before such gas purity levels are obtained as reaction 
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kinetics overrules. Moreover, when there is sufficient Mg in the alloy, it forms a vapour cloud 
just above the alloy surface [66]. Prom Pourbaix diagram (Figure 2.6), it is known that Mg 
oxidizes down to very low partial pressures of Oxygen (po^ = 10“^° Pa). In this way, Mg 
serves as an Oxygen getter, such that the molten metal is able to ‘see’ a reducing atmosphere, 
which is favourable for nitride formation. 



Figure 2.6: Isothermal Pourbaix diagram at 1000°C' for the condensed phase mixtures of 
Al-N-0 and Mg-N-0 systems [66]. 

Scholz and Greil [66] have done thermodynamic computations to find the equilibrium phases 
for the Al-Si-Mg alloy system, under various Oxygen partial pressures for static and flowing 
Nitrogen gas conditions. The Oxygen gettering by Mg proved very effective under static 
conditions, whereas under flowing gas conditions, to achieve similar results, a lower partial 
pressure of Oxygen is required. This is because the gas flow continuously depletes the Mg 
vapour cloud which is present just above the alloy surface. It was also observed that the 
Oxygen content in the gas (along with Mg in the alloy), strongly affects the nitride phase 
formation in the matrix and serves as an effective variable to control the process kinetics. 
When the Oxygen content was increased from 3 x 10“^ to 3.1 vol.% O 2 with 0.7 vol.% H 2 , 
the amount of AIN formed decreased and a solid layer of MgO was deposited on the sample 
surface [66]. For AIN/Al composite formation, it is desirable to maintain the Oxygen content 
in the atmosphere to a minimum. Additionally, forming gas (N2-4%H2) further decreases 
the Oxygen partial pressure in the gas [66]. 
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(ii) Alloying additions 

The role of alloying additions, such as Mg, Li and Si was examined by examined by several 
groups [68-70]. Some of the alloys that were used contained small quantities of other alloying 
additions/impurities, such as Fe, Zn, Cu and Ni. Mg was found to be an essential dopant, 
as in its absence the passivating surface nitride layer becomes stable, and no composite 
development was possible [67]. The specific volume of the nitride layer is larger than unity 
(Vain/^ai = 1-26), resulting in a protective nitride surface layer. Scholz and Greil [66] report 
that Mg has a catalytic effect on nitride formation, such that it helps transfer the surface 
reaction into a volume reaction. Thus, with the other alloying elements remaining fixed, by 
varying the Mg content in the alloy, three domains of reaction mechanism were proposed, 
namely (i) formation of dense passivating surface nitride, (ii) volume reaction where the 
AIN is dispersed throughout the aluminum matrix and (iii) heterogeneous combustion with 
complete conversion of Al to AIN. 

Time (min) 



600 800 1000 1200 1400 1600 

Temperature (*€) 


Figure 2.7; Weight gain curves showing the effect of alloying additives (Mg and Si) on 
heating in Nitrogen atmosphere [69]. (1) Pure Al (99.999%), (2) Al-lOSi, (3) Al-10Si-5Mg, 
(4) Al-lOSi-lOMg, (5) Al-5Mg, and (6) Al-3Mg-5Si. 

LeHuy and Dallaire [69] are of the opinion that both Si and Mg are indispensable in the alloy. 
Using constant heating rate experiments with a TGA arrangement, they confirmed that Al- 
Mg and Al-Si binary alloys do not result in substantial growth rate even at 1450°C'; whereas 
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ternary alloys of Al-Si-Mg showed accelerated weight gains beyond 1200‘’C, resulting in 
complete conversion to AIN (Figure 2.7). The above work has also confirmed that there is 
a Mg loss from the alloy surface due to volatilization, but the Si concentration in the alloy 
remains constant. More recently, Kagawa et al. [68] have concluded that due to Mg loss 
and conversion of Al to AIN, the concentration of Si increases resulting in an increase in 
the viscosity of the melt at the surface. This could cause a decrease in the diffusion flux of 
aluminum to the reaction front, and in turn leads to suppression of growth rates near the 
end of the process. 



Si content 

Figure 2.8: Al-(Mg,Si) reaction map showing (1) passivating surface nitridation, (2) diffusion 
controlled volume nitridation, (3) volume nitridation involving outward growth of AIN/Al 
and (4) break-away nitridation domains[66]. 

Scholz and Greil [66] have distinguished three reaction mechanism domains based on the alloy 
composition (Figure 2.8).. (1) When the Mg/Si ratio is less than 0.5 and Mg <1 wt.%, the 
nitridation is only a surface phenomenon with less than 10% of the aluminum converted to 
AIN. (2) With Mg between 2-4 wt.% and Si <5 wt.%, an interconnected AIN/Al composite 
grows outward with up to 50% conversion. (3) With Mg >4 wt.% and Mg/Si ratio >10, there 
is a heterogeneous combustion resulting in break-away nitridation with complete conversion 
of aluminum to AIN. From the above arguments, it is supposed that Mg serves as an initiator 
with an accelerating influence on nitride formation, whereas Si has an inhibiting effect. 
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(Hi) Temperature and pressure 


Temperature is an important variable in nitridation, as previously seen in conjunction with 
atmosphere and alloying additions. The reaction between Nitrogen and aluminum occurs at 
temperatures above 700°C. While pure aluminum forms a stable nitride surface layer which 
is passivating, depending on the atmosphere and temperature, alloys containing Mg show a 
tendency to continuously nitride. It is observed that by increasing the temperature from 800 
to lOSO^C*, the resultant microstructure becomes progressively finer and excessively ceramic 
dominant. This provides the needed fiexibility to produce both metal-matrix and ceramic- 
matrix composites. By varying the temperature, Kiidela and Schweighofer [71] determined 
the critical temperature at which the reaction rate changes suddenly, corresponding to a 


change in the reaction mechanism. In Figure 2.9, T 2 corresponds to the transition temper- 
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Figure 2.9: Temperature and pressure curves delineating reaction domains as a function of 
time. The initiation of heterogeneous combustion reaction is marked by a sudden drop in 
Nitrogen pressure due to rapid conversion of A1 to A1N[71]. 


ature, which is characterized by a rapid generation of reaction heat, when the mechanism 
changes from a surface to a volume reaction. An acceleration of volume reaction takes place 
above Ti, such that the reaction is no longer thermodynamically stable and follows the prin- 
ciple of heterogeneous combustion synthesis. The change in reaction is distinguished by a 
sudden decrease in Nitrogen pressure. 


Schweighofer and Ktidela [72] have reported that the temperature at which the reaction 
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Figure 2.10: Temperature vs. Nitrogen pressure curves separating surface reaction and 
volume reaction domains for Al-2Mg and Al-5Mg alloys[72]. 

changes from a surface phenomenon to a volume reaction, decreases with increase in Nitrogen 
pressure. According to Figure 2.10, when the Mg content is increased from 2-5 wt.%, the 
temperature for complete nitride formation drops by 200°C' at 1 MPa. Further, LeHuy and 
Dallaire [69] have drawn Arrhenius plots for nitride formation in the absence of a preform. 
The calculated activation energy for nitride formation was found to vary between 110-190 
kJ/mol, depending on the alloy composition. 

(e) Multiphase composites via melt nitridation 

(i) Preform influence 

The preform is an as-poured or loose sintered porous ceramic body, which the liquid metal 
fills up resulting in a fully dense composite. Thus, the ceramic reinforcing phase and the 
matrix are 3-dimensionally connected augmenting each others performance. The preform 
material is an important variable, both from the processing viewpoint and the final me- 
chanical properties achieved by the composite. The preform serves to contain the composite 
growth within itself resulting in near net-shape of the component. Several filler materials 
have been successfully utilized in nitridation experiments, namely AI2O3, SiC, B4C3, TiB2 



2.2 Synthesis of In situ Composites 


27 


and AIN. Lanxide Corporation, U.S.A. have designated the trade name PRIMEX for this 
process. 
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Figure 2.11: Weight gain vs. (a) process temperature[67] and (b) Nitrogen content in N2/Ar 
atmosphere. Infiltration distance vs. (c) Mg content in aluminum alloy and (d) mean particle 
size[83]. 

It was noted earlier that a binary Al-Mg alloy only results in surface nitride formation. But, 
when infiltrate into fused AI2O3 preform, the matrix has a fine distribution of AIN. The 
infiltration distance is dependent on the reinforcement size, which increases with decrease in 
the preform particle size (Figure 2.11). Thus, the initial obstacle to be overcome is that the 
metal should wet the preform to facilitate spontaneous infiltration. While there is ample data 
on the wetting of ceramic substrates by aluminum alloys in air or inert atmosphere [73-78], 
there is a paucity of information on wetting in Nitrogen atmosphere. The experimental data 
available is often unreliable and contradictory, as contact angle values are very sensitive to 
impurities in the alloy and atmosphere. For this reason, the contact angle values are specific 
to the experimental conditions. But Mg presence in the alloy is found to decrease the contact 

angle [80,81]. 
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Alternatively, the infiltration can be improved by inducing a reaction between the alloy and 
the filler material. In certain cases, the metal tends to climb on the filler material ahead of 
the composite growth front [82]. Both AI2O3 and SiC react with Mg containing aluminum 
alloys, culminating in spontaneous spreading of the alloy over the substrate material. AI2O3 
particles form a spinel layer by reacting with Mg which is available in the alloy. Similarly, 
Si02 surface layer on SiC reacts with aluminum. In extreme cases, shattered SiC particles 
were found in the matrix [82]. This is due to aluminum reacting with SiC particulates along 
particular crystallographic directions to form carbide according to the reaction: 

ZSiC + AAl AhCz + ZSi (2.5) 

The formation of undesirable carbide phases is detrimental to mechanical properties. The 
above reaction can be suppressed by incorporating a higher Si content in the alloy [79]. 

(ii) Alloying additions 

In the previous section, the wetting between molten alloy and the filler material was empha- 
sized. The contact angle can be modified by altering the alloy composition. Several groups 
have reported enhanced wetting due to the presence of Mg in the alloy [80-85]. Banerji 
et al. [86] concluded that an alloying element can enhance wetting of a solid substrate in 
three ways, namely (i) by reducing the surface tension of the alloy, (ii) by decreasing the 
solid-liquid interfacial energy and (iii) by promoting a chemical reaction at the solid-liquid 
interface. Oh et al. [81] are of the opinion that Mg enhances wetting of ceramic substrates 
by promoting interfacial reaction. 

Aghajanian et al. [83] carried out infiltration experiments in fused 18 nm AI2O3 particulate 
preform with aluminum alloys having varying amounts of Mg. They observed that a critical 
amount of Mg (0.5-1.0 wt.%) was required for infiltration to occur. Further, the infiltration 
distance increases linearly with Mg content (Figure 2.11). Moreover, the critical amount of 
Mg for infiltration increases with decrease in process temperature. 

While Mg is the dominant variable among the alloying additives, Si in conjunction with Mg is 
believed to enhance infiltration by modifying the viscosity of the melt. Cu additions increase 
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the viscosity of the melt and retard infiltration kinetics. Fe as a minor alloying addition 
appears to aid wetting of the preform and facilitate infiltration at lower temperatures [65, 
67,83]. However, no explanation is offered in the literature for such behaviour. 

(Hi) Role of atmosphere 

It is well established that for infiltration to occur, apart from the critical amount of Mg, 
the atmosphere must be Oxygen and moisture free. This criterion is satisfied by ensuring 
that the gas is Oxygen free and use of a local gettering agent, such as Mg, in sufficient 
quantity in the alloy. Pure Nitrogen causes a decrease in the surface tension of the alloy and 
enhances wetting of the ceramic filler material [83]. Creber et al. [65] in the course of their 
experiments found that pure Nitrogen, Nitrogen-Argon mixed gas (with Nj as low as 10%) 
or for ming gas (N2-4%H2) could be used as the reaction gas without extra purification as 
long as the Oxygen and moisture levels were maintained at a minimum. 

To understand the influence of Nitrogen on infiltration, Ahajanian et al. [67] diluted the gas 
with varying amounts of Argon and studied the infiltration kinetics of Al-lOMg alloy into 220 
grit AI2O3 preform, over a period of 4 hours at 800°C'. They noted an absence of infiltration 
in a 100% Argon atmosphere, partial infiltration in a 90%Ar-10%N2 atmosphere and com- 
plete infiltration in atmospheres containing more than 25%N2. Furthermore, microstructural 
control within the matrix could also be achieved by varying the partial pressure of Nitrogen 
in the atmosphere. Figure 2.11 shows that the amount of nitride present in the matrix in- 
creases with decrease in the partial pressure of Nitrogen. With regard to infiltration kinetics, 
it becomes clear that at higher partial pressures of Nitrogen, the infiltration rate is high. In 
such a situation, the growth front is not stationary, allowing less time for the atmosphere to 
react with the liquid metal under identical conditions of temperature and total gas pressure. 
The converse is also true at low partial pressures of Nitrogen. On the other hand, Creber 
et al. [65] have reported that the growth rate decreases as the partial pressure of Nitrogen in 
the atmosphere decreases. It is generally understood that forming gas improves wetting of 
the filler material and promotes infiltration at lower temperatures [67]. Moreover, it appears 
that there are similarities between nitridation of Si and aluminum. They respond in a similar 
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manner in the presence of Fe and Hydrogen [87]. However, in both cases the mechanism is 
not fully understood. 

(iv) Temperature and time 

Unlike in oxidation experiments, variation in temperature causes drastic changes in the 
microstructural evolution of AIN/Al composites. At 900"C, the SiC reinforced composite 
appear as a metal matrix composite with fine dispersoids of AIN within the matrix. On 
the other hand, composites grown at 1100°C were predominantly ceramic with fine metal 
channels within an AIN matrix [82]. Aghajanian et al. [83] have weight gain vs temperature 
curves for the Al-lOMg alloy infiltrated into 66 pm fused AI2O3. They observed that the 
amount of AIN formed increases exponentially with process temperature (Figure 2.11). The 
same group also found that for a given set of processing conditions, a critical temperature is 
required to induce spontaneous infiltration [67]. For example, under similar conditions, an 
Al-8Mg alloy did not infiltrate a 18 pm fused AI2O3 preform at 750"C', whereas at 800°C', a 19 
mm composite growth was observed. Secondly, the interface reaction taking place between 
the filler material and the alloy are diffusion controlled [88]. Increasing the reaction time leads 
to parabolic growth of the MgAl204 interface layer in AI2O3 fibre infiltrated composites. The 
strength and toughness of these composites show considerable improvement with increasing 
spinel layer thickness. 

2.2.2 Liquid-liquid reactions 

(a) Sol-gel synthesis 

Sol-gel processing involves the hydrolysis and condensation of a molecular precursor, such as 
a metal alkoxide [90]. The hydrolysis reaction, which involves the addition of water molecules 
to the alkoxide, produces reactive monomers. During condensation, these monomers link-up 
to form a solution of inorganic polymers (sol). As condensation proceeds, the viscosity of 
the sol increases due to formation of an extended network of chemical bonds throughout the 
sol (gellation). The resulting sol is dried and heated at relatively low temperatures to yield 
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fully dense ceramic. 

To synthesize metal-ceramic composites, both metal and ceramic sources must be incorpo- 
rated during synthesis [91,92]. This has been achieved in two ways, namely polymeric route 
and colloidal route. In the case of Al 203 /Ni composite formation via the polymeric route, 
the metal precursor (Ni(CHOO) 2 ) is introduced during the hydrolysis and condensation of 
the ceramic precursor [92]. On the other hand, the colloidal route involves the precipita- 
tion of Ni(OH )2 onto a colloidal suspension of q;-A 1203 particles. The transformation to 
Al 203 /Ni composite was accomplished by calcination of the colloidal suspension in a reduc- 
ing atmosphere, followed by hot-pressing at IdOO^C at an Oxygen partial pressure of 
atm. While it is possible to synthesize Al 203 /Ni composites with ceramic content varying 
from 33-95 vol.%, composites with >20 voLVoNi exhibit microstructure composed of con- 
tinuous Ni and AI 2 O 3 network. The composites display enhanced fracture toughness (~8.5 
compared to sintered alumina. 

Recently, Chakravorty et al. [93] have used sol-gel synthesis to process nanocomposites 
containing metal particles of a few micron thickness in a ceramic matrix. The process 
involves an ion exchange reaction followed by a reduction treatment to precipitate a narrow 
size range of metal particles (Fe, Cr, Ni, Cu, etc.) in a glass or polymer matrix [94,95]. The 
drawback of this process is the composite microstructure is limited to a few micron thickness 
at the surface of the glass-ceramic concerned. 

2.2.3 Liquid-solid reactions 

(a) Reactive Metal Penetration (RMP) 

Reactive Metal Penetration, also known as Co-Continuous Ceramic Composite (C^) tech- 
nology is used to produce composite materials by liquid— solid displacement reactions. This 
novel technique differs from physical infiltration since the initial preform is fully dense. Sim- 
ilar to infiltration, RMP is a net-shape process with very little change in preform and final 


composite volume. 
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The RMP process uses a redox reaction to convert silica/mullite to AI2O3. When silica tubes 
are immersed in molten aluminum at temperatures above 1000°C, an exchange reaction takes 
place between the molten metal and preform according to the general reaction [96,97]: 

3 Si02 + {A + x) Al —^2 AI2O3 + 3 ^ + xAl (2.6) 

When a; > 0, aluminum is retained in the composite along with other reaction products. An 
analogous phenomenon is observed when mullite preforms are reacted with molten al uminum 
in vacuum or flowing Ar atmosphere. The general reaction is expressed as [98,99]: 

3 AIqSi20i3 + (8 + x') Al — ^ 13 AI2O3 d” 6 Si + x Al (2-'^) 

Experiments with commercial mullite containing a silicate grain boundary phase averaging 
<2 vol.% were carried out. The reactive metal penetration produces a fine grained alumina 
network with an interpenetrating metal phase. Though the final microstructures are similar, 
the reaction mechanisms for penetration of amorphous silica and (ceramic) mullite peforms 
are different. Breslin et al. [97] are of the opinion that the reaction layer between aluminum 
and amorphous Si02 has a lower molar volume causing crack formation in silica, which 
continuously expose unreacted Si02 to the molten aluminum. On the other hand, TEM 
examination of partially reacted mullite samples suggest that the process is sustained by the 
diffusion of Al along mullite grain boundaries, followed by a redox reaction that converts 
mullite to AI2O3 [100]. Flexural strength of 250-320 MPa and enhanced fracture toughness 
of 5-9 M Pa-s/m are reported for mullite infiltrated composites [98]. Hardness and Young’s 
modulus approach that of alumina. 

(b) Directed Metal Reaction (DMR) 


Recently, a new class of composite material has been prepared by the directed reaction of 
liquid Zr with B4C to form Zr containing ceramic composites. The process is flexible to 
produce microstructure composed of ZrB2 platelets in a zirconium carbide matrix, with a 
controlled amount of residual Zr metal. The DMR process is akin to directed melt infiltration 
in an oxidizing or nitriding atmosphere, except that there is no gaseous phase reactant. In 



2.2 Synthesis of In situ Composites 


33 


both processes, the residual metal retained in the composite microstructure is expected to 
improve fracture toughness. However, liquid melt oxidation/nitridation reactions lead to a 
relatively higher proportion of interconnected metal. 



Graphite container 

(2.2+x)Zr+0.6B4C— 1.2ZrB2fZrq).6+xZr 


Figure 2.12: Processing and microstructure (schematic) of ZrBa platelet reinforced ZrCo.e/Zr 
composite[102]. 

In this process, Zr metal powder is kept on top of a B4C (typically 7-8 //m) bed, which is 
placed in a graphite crucible and heated to 1900"^ in an Argon atmosphere (Figure 2.12). 
The reaction between Zr and B4C is exothermic with the temperature reaching above 
2300°C during infiltration. The reaction rate is parabolic with time and the parabolic con- 
stant varies between 1.6xl0~2-3.9xl0"^ cm/s [101]. Composite microstructures are formed 
according to the general reaction: 

(2.2 -t- x)Zr -h O.6JB4C' — y 1.2ZrB2 4- ZrCo.e + xZr (2.8) 

where x is the excess moles of Zr added to the reactant. When x = 0, there is no free Zr 
in the body; whereas with x = 0.5, 18 vol.% of residual Zr is retained in the composite. 
The properties of the composite material largely depend on the residual metal content. For 
instance, the fracture toughness increases from 11 to 22 MPa^/m when the residual metal 
is augmented from 2 to 30 vol.%, respectively [102,103]. 

The three phases present in the composite microstructure are ZrB2, a carbon deficient ZrC^ 
{x = 0.6) and a-Zr. Bravel and Johnson [101] have observed the crystallographic orientation 
relationship between the constituent phases to be random. The reaction mechanism proposed 
by Johnson et al [102] suggests that when the molten Zr comes in contact with B4C, they 
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react exothermically to form a boron-rich liquid. Further reaction is sustained by continuous 
dissolution of B4C, as the boron-rich liquid is drawn into B4C. The ZrBa/ZrC/Zr composite 
homogenizes rapidly to give rise to uniform microstructure without micro or macro-porosities 
[104]. 

(c) Mixed Salt Reaction 

The grain refinement technology of aluminum alloys has been modified by the London Scan- 
dinavian Metallurgical Company to produce metal matrix composites [105]. Mixed salts of 
titanium and boron react in molten aluminum to form TiB2. The by-products are decanted 
and the remaining melt is cast into ingots. A 2014 aluminum alloy with very fine particle 
dispersion of TiB2 (1-2 /im) was claimed to improve yield strength up to 500 MPa with 
an elongation of 5%. However, the interface cleanliness is questionable due to the usage of 
salts. It is argued that the contamination by salts would offset the property enhancement 
brought about by the boride particles [30]. 

2.2.4 Solid-gas reactions 

(a) Reduction reaction synthesis 

Metal-ceramic composite structures are produced by selective reduction of an oxide to a 
metal. Such reduction reactions were earlier effectively used by Handwerker et al. [106] for 
obtaining Na203-Cr203-Cr composites and Qi et al. [107] for making rare earth containing 
magnetic alloys. The reduction sjmthesis has been successfully demonstrated in the Fe-Mn- 
0 and Ni-Al-0 systems, by judicious control of the process variables, namely oxide compo- 
sition, partial pressure of Oxygen, annealing temperature and time. In these systems, the 
nucleation and growth of the metallic phase can be controlled to obtain different microstruc- 
tures [108,109]. In the case of Fe-Mn-0 reduction synthesis, ceramic grains with controlled 
thickness of metallic phase at the boundaries or ceramic grains containing fine distribution 
of metallic panicles (ductile phase toughened ceramics) are possible. On the other hand, 
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reduction synthesis of Ni-Al-0 resulted in equiaxed metallic crystals (<0.5 /im) dispersed 
within a ceramic matrix or rod-like metallic particles within a defect spinel. However, for 
effective control of the reduction reactions in metal containing ceramics, a knowledge of the 
phase diagram with respect to the partial pressure of Oxygen and temperature is essential. 



Figure 2.13: Oxygen partial pressure phase diagram of Fe-Mn-0 at 1000°C'[110] and 
schematic microstructure observed in (Feo.6Mno.4)0 reduced in 5% CO/N 2 atmosphere at 
(a) OGO^C, showing Fe particles within the ceramic grains and (b) SOO^C, producing metallic 
Fe at the grain boundary 

For example, the reduction reaction synthesis in the Fe-Mn-0 system is illustrated in Fig- 
ure 2.13. When the partial pressure of Oxygen was decreased below 1.25x10”® atmospheres 
(log aoi = —15.1), a metallic alloy of almost pure iron (with inclusions of manganese) formed 
within the mixed oxide phase. For instance, when (Feo.6Mno.4)0 was reduced for 4 hours 
at SOO^C in 5% CO containing N 2 gas, the final microstructure exhibited a 400 nm thick 
iron boundary enveloping the grains. The metallic phase at the grain boundary thickens 
into a separate phase with increased annealing time; whereas when annealing temperature 
was increased to QOO^C, the metallic phase nucleates at several locations within the grain 
(Figure 2.13). Similar effects were observed with variation of Oxygen partial pressure. A 
fracture toughness increment of 0.6 to 0.7 AIP n^Tn was reported for these ductile phase 
toughened structures depending on the volume fraction of the metallic dispersion. Similar 
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studies were carried out in the Ni— Al— O system, where an improved indentation fracture 
toughness was observed for the Ni-Al203 two phase mixture compared to NiAl204. 

The current limitations of reduction reaction synthesis are (i) lack of phase di agramR for 
various oxide systems with variation of Oxygen partial pressure and temperature, (ii) prop- 
erties of these composite structures are not entirely known and (iii) synthesis is confined to 
only laboratory studies and commercial feasibility of the process is yet to be explored. 

2.2.5 Solid-solid reactions 

(a) Self-propagating High- temperature Synthesis (SHS) 

Combustion synthesis or SHS is an innovative technique to produce metal, ceramic and 
intermetallic composites. The key principle of the process is the conversion of chemical 
energy to thermal energy. A large enthalpy release sustains the propagation of a dynamic 
combustion wave through the reactant. For a reaction to become self-sustaining, (i) the 
reaction must be highly exothermic, (ii) one of the reactants should be a liquid or a vapour 
to enhance transport to the reaction front and (iii) the rate of heat dissipation must be less 
than the rate of heat generation, to ensure that the reaction is not extinguished. 

Initially, the reactant materials are mixed together in the powder form and compacted in 
the green state. The combustion wave initiated by an external source, moves through the 
compact with a high velocity when the adiabatic temperature is very high. Control over 
the process is established by partially diluting the reactants with the product phase. If 
the combustion temperature is low, pre-heating the sample prior to the combustion can be 
resorted to (thermal explosion). Sometimes, chemical reaction can also be initiated by shock- 
compression (shock-induced reaction synthesis). This process effectively takes the advantage 
of high pressure and temperature that are simultaneously generated during the passage of 
the shock- wave. The main advantages of the combustion process are: efficient utilization of 
the reaction energy, quick synthesis and purification due to volatilization of impurities. The 
main drawback of the process is high porosity in the final product, which can be eliminated by 
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post synthesis treatment, such as hot pressing, HIPing, etc. The processing aspects, general 
characteristics, theoretical aspects and limitations are reported in the literature [111-115]. 

Several investigators have prepared intermetallic and metal-ceramic composites using SHS. 
However, in all these systems the reinforcing phase is added externally. Lebrat et al. [116] 
synthesized dense NisAl with low porosity levels (<5%) by controlling the porosity in green 
compacts. Similarly, SiC fibre reinforced aluminum was processed by Choi et al. [117]. 
However, only limited studies have been done on in situ formation of reinforcements. Us- 
ing elemental Ti, B and Cu, TiBa whisker reinforced copper composites were produced. 
These composites exhibited a fracture toughness of 9.9 MPa^/m due to ductile phase (Cu) 
toughening, although brittle phases like TiB 2 , Ti 2 Cu, Ti 3 Cu 4 and porosity inhibited further 
toughness increment. A correlation between mechanical properties and the combustion tem- 
perature was also established in this study [118]. Multiphase composites like TiC-t-A^Os re- 
inforced with aluminum were processed by the combustion synthesis of Ti 02 , C and Al [119]. 
When there is an excess of aluminum, the reaction is expressed as: 

3 Ti 02 + SC + (4 -h x)Al — > 3TiC + 2 AI 2 O 3 + xAl (2.9) 

The residual aluminum fills up the void space in the TiC-l-AUOa mixture. Care should 
be taken to control the temperature, so that it does not exceed the boiling point of liquid 
aluminum. On similar lines, it is possible to obtain TiC dispersed AlNi [ 120 ]. Efforts are on 
to produce highly complex, multiphase composites using SHS. 

(b) Reaction Sintering 

Reaction sintering essentially differs from the SHS process due to the absence of thermal 
run-away effects. Two processes are identified under this section, namely Reaction Bonded 
Aluminum Oxide (rbao) and Alumina- Aluminide Alloys (3 a). rbao process enables fab- 
rication of low shrinkage, high strength AUOa-based composites [121]. Attrition milled 
AI 2 O 3 /AI powder mixtures are hot-pressed (100-300 MPa) in the temperature range 300- 
1000°C. Aluminum oxidizes to form small AI 2 O 3 crystallites, which sinter below 1200°C'. 
The volume change associated with sintering is compensated for by the volume expansion 
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associated with oxidation. Additionally, the process is flexible to the incorporation of metal- 
lic or ceramic reinforcements (Zr, Cr, Ti, Nb, SiC, etc.) during the attrition step. The initial 
AI 2 O 3 /AI volume fraction is so adjusted, such that the volume expansion associated with 
oxidation of reinforcement particles compensate for sintering shrinkage. 

3a (read as triple a) composites are prepared by reaction sintering of intensely milled mix- 
tures of oxide and aluminide powder according to the general reaction scheme [122,123]; 

AfCjiOfc Al — >• M&xAly + AI2OZ (2.10) 

where MeaOft refers to any metal oxide which has a favourable Gibb’s free energy for the above 
reaction. Although such reactions were known for long, until recently successful densification 
could not be achieved. A prerequisite for the 3a process is that the starting powder must be 
of a very fine grain size (<1 nm) and uniformly mixed. Such conditions are easily achieved 
by Attritor milling the source powder and compacting in a CIP. On heating the compact in 
vacuum or Ar atmosphere, due to the short diffusional paths involved, reaction takes place in 
the solid state itself, well below the melting point of aluminum (~'550°C'). In cases where the 
reaction is highly exothermic, excess quantity of alumina is admixed to exercise control over 
the reaction. Densification is achieved by sintering the reaction product (with or without 
admixed AI2O3) at temperatures higher than 1000°C to form dense homogeneous network 
of ceramic and intermetallic. Composite materials, such as AI2O3 with TiAl, ZrAl3, NiAl3, 
FeAl, NbAl3, etc., were successfully produced using this method. The main advantages of 
this process are the fabrication steps are technologically simple and the ceramic/intermetallic 
ratio together with the microstructural scale can be tailored by altering the initial powder 
size. 

(c) XD process 


This process was developed by Martin Marietta and Co., USA, and only limited information 
is available on process details. In this solvent assisted diffusion process, the ceramic phase 
is precipitated in a metallic or intermetallic matrix with the exothermic heat liberated by 
the self propagating reaction aiding in accelerating diffusion of the elemental species. The 
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accelerated chemical reaction that takes place to precipitate the reinforcement phase within 
the matrix, makes the process attractive [124]. 

Elemental or alloy powders (Al-Ti and Al-B) are mixed and heated until a molten aluminum 
medium forms where the elements diffuse and precipitate as compounds (TiB2). This master 
alloy with a high volume fraction of sponge is further diluted with matrix metal to arrive 
at the desired volume fraction of reinforcement. The reinforcements are usually carbides, 
borides, nitrides and silicides and the matrix metal could be Al, Ti, Cu, Ni or an intermetal- 
lic, such as TiAl, TiaAl or NiAl. The material is further mechanically worked to break the 
cast structure. When the XD processed composites are subjected to thermo-mechanical treat- 
ment, the elements exhibit higher diffusivities at elevated temperatures leading to Ostwald 
ripening. Further, increase in the interparticle spacing results in reduced yield strength. 
Heat treatment of Al-TiC composites above 540"^ results in enhanced kinetics of forma- 
tion of AlsTi and AI4C3, but leads to decreased ductility with increasing heat-treatment 
time [125]. Hence, proper care should be taken to optimize processing conditions to achieve 
good properties and microstructure control. 

The reinforcement particles in XD processed materials are very fine and usually in the range 
of 0.1-0. 3 iim. But the main advantage of processing in situ is that the interface between 
the particle and the matrix is clean resulting in improved toughness and modulus. High 
resolution electron microscopy studies reveal that the interface between TiC and Al is abrupt 
with no segregation of impurities. The TiC particles are faceted with their surfaces in the 
composite lying parallel to the new index planes of Al, namely {111} and {100}. Further, the 
interface bond between TiC and Al is metallic in nature due to electron transfer and intimate 
contact at the atomic scale [126,127]. Similarly, studies on TiB2/NiAl composites show that 
NiAl forms excellent bonds with TiB2 and q:-A 1203 particulates but there appears to be no 
crystallographic orientation relationship [128]. No coherent or semi-coherent interface was 
observed between TiB2 and NiAl, but a thin layer of Si was evident. 

The microstructure produced by the various in situ processes discussed thus far are sum- 
marized in Table 2.3. The microstructural constituents, range of microstructural scale and 
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metal/ceramic ratio show wide variation in different processes. Depending on the appli- 
cation, a particular process can be selected and microstructurally tailored to meet specific 
property requirements. In the following section, the mechanical properties of in situ com- 
posites are highlighted. Later in the chapter, the strengthening and toughening mechanisms 
operating in these metal containing composites are also presented. 

2.3 Mechanical properties of in situ composites 

Although a number of techniques were developed to obtain metal dispersed ceramic ma- 
trix composites, the mechanical property data generated is confined to a limited number 
of materials which could be produced in bulk quantity, namely XD, primex and dimox 
materials. Some information on the other materials is available in the form of reports which 
are inaccessible to the author. However, the properties that are reported in the literature 
are summarized here. For example, in the family of XD materials, the properties of TiB 2 
reinforced TisAl+TiAl and NiAl were listed in Table 2.4. TiB 2 dispersed (TisAl+TiAl) with 
a minimum tensile strength of 860 MPa and elastic modulus of 430 GPa exhibited superior 
high temperature properties when compared to their counterparts (Ti alloys and superal- 
loys) [124]. At temperatures exceeding 1000°C', TiB 2 dispersed NiAl showed at least three 
fold increment over the matrix tensile strength. 

In XD materials the dispersions of ceramic phase usually do not exceed 30-40 vol.%. On the 
contrary, in AI 2 O 3 /AI and AIN/Al materials, a wide variation in the metal/ceramic ratio is 
feasible. On one hand, completely ceramic matrix with some residual porosity can be 

achieved by treating at higher temperatures or at medium temperatures for prolonged peri- 
ods. On the other hand, ceramic matrix with metal dispersions as high as 30-35 vol.% (in 
nitridation even more) is possible by proper control over temperature, time and alloy com- 
position. The four important variables identified, namely alloy composition, process tem- 
perature, Oxygen partial pressure and time, the first two exhibit pronounced effect on the 



Table 2.3: Compilation of microstructural details of in situ composites. 
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Table 2.4: Selected properties of XD processed materials[124]. 


1. Ti 3 Al -f TiAl -f- TiB 2 (30 vol% dispersions) 

Density (kg/m^) 

3990 

Coef. of thermal expansion (lO"®/!^) 

10 at 300 K 

17 at 1100 K 

Elastic modulus (GPa) 

430 at 300 K 
380 at 800 K 

Yield strength {MPa) 

790 at 300 K 
430 at 1073 K 

Ultimate tensile strength (MPa) 

860 at 300 K 
600 at 1073 K 

2 . NiAl -f TiB 2 (30 vol% dispersions) 

Elastic modulus {GPa) 

270 at 300 K 
220 at 1273 K 

Fracture toughness {MPay/m) 

6-7 at 300 K 


oxidation kinetics [50,53,58]. In case of nitridation, processing temperature and partial pres- 
sure of Nitrogen play an important role. Newkirk et al. [38] reported a gradual increase in 
the bend strength and a drastic decrease in the fracture toughness of SiC/Al 203 /Al compos- 
ites by increasing the oxidation temperature. Aghajanian et al. [129] produced composite 
materials with varying metal content by changing the thermal treatment. The properties of 
this spectrum of materials are summarized in Table 2.5. The variation in properties (mainly 
toughness) is attributed to the degree of plastic deformation of the metal phase behind the 
crack tip before complete failure. The corresponding work of fracture varies from 70-350 
Jm~^. All mechanical properties decline at temperatures above 700°C7, due to softening of 
the metallic phase. Swartz et al. [43] have determined the dielectric constants of AI 2 O 3 /AI 
composites parallel and perpendicular to the c-axis of alumina as 8.4 and 6.4, respectively. 

The properties of AI 2 O 3 /AI composites are further influenced by the presence of flller material 
although the influence of particulates is not pronounced (Table 2.5). Incorporation of SiC and 



Table 2.5: Mechanical properties of DIMOX composites[41-44,67,124,130]. 
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AI2O3 particulates alter the properties marginally, whereas SiC continuous fibre reinforce- 
ments double the flexural strength and triple the fracture toughness values [41,42,44,130]. 
For SiC or AI2O3 particulate reinforced composite, a weibull modulus of 20 is noteworthy. 
Additionally, retainment of hardness at elevated temperatures encourages select applications 
in diesel engine, such as valve seat insert [42]. AIN has several useful properties that are 
attractive from the application point of view. They include, low density, high Young’s mod- 
ulus, low thermal expansion coefficient (half that of AI2O3), good thermal shock resistance 
and favourable dielectric properties. Thus, the thermal and dielectric properties of AIN/Al 
composites are much superior compared to AI2O3/AI materials. AIN/Al composites obtained 
by nitridation of Al-lOMg alloy exhibit an elastic modulus between 180-240 GPa, flexural 
strength of 400 GPa and fracture toughness of 9.5 MPa^/m (Table 2.6). These properties 
are much higher compared to fully sintered AIN [65]. AI2O3 particulate reinforced AIN/Al 
has a modulus of 240 GPa, flexural strength of 340 MPa and a fracture toughness of 5.9 
M Pay/m. Further improvement in property can be achieved by decreasing the particle size 
and optimum aging of the residual metallic (alloy) matrix [83]. AI2O3 fibre reinforced com- 
posites are superior to particulate systems. However, as pointed out by Scholz et al., the 
properties are strongly dependent on interfacial reaction layer thickness [88]. Furthermore, 
TiB2 (55 vol.%) reinforced composites exhibit the same modulus as of AIN/Al materials but 
the properties, such as flexural strength and toughness are much higher. Compared to Di- 
MOX composites, the work that was carried out on mechanical properties of nitride systems 
is limited and more interest is envisaged in the near future. 

Heredia et al. [131] measured the tensile and shear properties of an 8-harness satin weave 
Nicalon SiC fibre reinforced AI2O3/AI composite. The composite exhibited appreciable in- 
elastic strain prior to failure caused by debonding and interfacial sliding. Due to the stress 
redistribution effect provided by the inelastic strains, the composite appears to be notch 
insensitive. Lin and Breder [132] studied the creep behaviour of SiC particulate reinforced 
alumina composites and found them to be comparable to SiC whisker reinforced composites 



Table 2.6: Properties of AIN/Al composites[65,83,88,89,124]. 
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at 1200°C'. The creep behaviour in these composites is attributed to grain boundary sHding 
accommodated by diffusional processes. Creep damage was initiated at multiphase grain 
junctions. Composites containing ZrB2 platelets in a matrix of ZrC (with residual Zr varying 
between 1-20 vol.%) offer excellent flexural strength (1 GPa) and fracture toughness (23 
MPay/m). These properties are comparable with that of SiC fibre reinforced AI2O3/AI 
composites (Table 2 . 5 ). The residual unreacted Zr coupled with poor oxidation resistance 
of ZrC and ZrB2 restrict high temperature application of these novel materials. However, 
components made out of these composite structures were successfully tested at temperatures 
up to SOO^C [ 41 , 130 ]. 

AI2O3/AI and AIN/Al composites with predominantly a ceramic matrix are expected to 
exhibit superior tribological properties. To prevent the AI2O3 matrix from fracturing due 
to frictional loading, a larger volume fraction of AI2O3 is preferred. With increased metal 
content, the wear rate increases abruptly accompanied by fracture of the AI2O3 matrix 
[ 133 ]. Moreover, the friction coefficient of SiC particulate reinforced AI2O3/AI composite 
was superior to those of AI2O3 and Si3N4, and comparable to that of zirconia toughened 
alumina [ 134 ]. Apparently, wear begins to occur in these composites when the strain near in 
the subsurface due to frictional loading, exceeds the fracture strain of the alumina matrix. 


2.4 Strengthening mechanisms 


The processing aspects of both metal and ceramic matrix composites obtained via in situ 
reactions were discussed earlier. In this section, the strengthening mechanisms in these 
composites are briefly reviewed. Ceramic materials are inherently strong and have a high 
elastic modulus (E) due to the predominantly covalent bonding between atoms. Griffith [ 135 ] 
established the condition for fracture strength (a/) of a brittle material in plane stress 

condition as: 1 

/2E'rY 




( 2 . 11 ) 


where c is the half-length of the largest internal crack and 7 is the free surface energy. By 
decreasing the flaw size, a higher strength can be achieved. For this reason, the objective of 
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ceramic processing for structural application is always to reduce flaw size. Due to its brittle 
failure behaviour, the resistance to crack propagation, i.e. the fracture toughness (Kic) is 
a significant parameter. On the contrary, both strength and fracture toughness are relevant 
parameters in the case of MMSc. 

The strength of MMCs is a very structure sensitive property. Processing induced thermal 
stresses and/or chemical reactions at the interface and matrix, make it impossible to predict 
the composite strength by any simple rule of mixture. The maximum strength attainable in 
fibre and whisker reinforced composites can be explained by the modified shear-lag theory. 
On the other hand, in the case of particulate reinforced composites, it appears that the matrix 
alloy (if age hardenable) and the processing induced substructural changes within the matrix 
(dislocation density increase) will have a greater influence on determining composite strength. 
Additionally, smaller increments in strength can be anticipated from grain size refinement, 
and texture. The final composite strength is usually the net contribution from several of the 
above mentioned points. The predominant strengthening mechanisms in MMCs are briefly 
discussed below as strengthening arising from the reinforcement and the matrix phase. 

2.4.1 Reinforcement strengthening mechanisms 

(a) Dispersion strengthening 

The strengthening due to interaction of dislocations with small precipitate particles has 
been described as the Orowan strengthening effect. In case of hard incoherent precipitates 
within a ductile matrix, the stress (r) required for a dislocation to circumvent a particle 
leaving behind a dislocation loop surrounding the particle is given by the modified Orowan 
relation [136]: 

_ 0-83gb 
^ 27r\/l — 

where b is the burgers vector, G is the shear modulus, is the poisson ratio of the matrix, 

I is the particle length, A is the inter-particle spacing, d is the spacing between dislocations 
and r<, (~ 4b) is the inner cut-off radius of the dislocation. The dislocation loop surrounding 


A \ To 


( 2 . 12 ) 
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the dispersoid, further increases the stress required for the next disloca.tion to circumvent 
the particle. The predicted strength enhancement is usually less than an order of magnitude 
of the experimentally observed yield strength values. 


(b) Modified shear-lag theory 


The modified shear-lag theory [137] was developed to explain the similarity in proportionality 
limit between the composite and matrix alloy, and the anisotropic behaviour in whisker 
reinforced composites. The theory takes into account the transfer of load from the matrix 
to the reinforcement by shearing, such that a larger fraction of the load is borne by the 
fibre. For short fibre lengths and particulate reinforcements, the tensile transfer of load at 
the ends cannot be ignored, since it significantly affects the predicted composite strength. 
The composite yield strength is expressed in terms of the matrix and fibre volume fraction 
Vm and Vf, respectively as: 


O'cy — (^my 


^V,(S + 2) + V^ 


(2.13) 


where S is the fibre aspect ratio. When the composite load exceeds that of the matrix yield 
strength (<Jrny)> the matrix phase far from the reinforcement begins to plastically deform; 
Thus, the composite has a proportionality limit similar to that of the matrix alloy. The 
model has been successfully used to predict yield stress, ultimate tensile strength and creep 
strain rate in fibre and whisker reinforced composites. The model fails when the aspect ratiej 
of the reinforcement is small or the fibres are misoriented. 


2.4.2 Matrix strengthening mechanisms 

(a) Residual elastic stress 

The theoretical model for thermal residual stress of an unidirectionally aligned ellipsoida 
reinforcement dispersed composite is based on continuum mechanics [138]. The differencf 
in coefficient of thermal expansion (GTE) between the matrix and the reinforcement causes 
residual tensile stress within the matrix phase surrounding the reinforcement. For this reason 
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the model predicts a higher compressive yield stress than tensile yield stress. Additionally, 
the longitudinal residual stress is greater than the transverse residual stress. Experimental 
results (based on X-ray and Neutron diffraction) obtained from SiC whisker reinforced A1 
have confirmed the presence of such stresses. The predicted tensile and compressive yield 
strength are less than the experimentally obtained values by ~10 MPa. T his is because the 
model does not take into account the matrix strengthening due to dislocation punching. Fi- 
nally, for a spherical SiC reinforcement, a difference in compressive and tensile yield strength 
of ~13 MPa was observed, while the model predicts them to be equal. 


(b) High dislocation density 


The strengthening model based on dislocation density assumes that the matrix material is 
strengthened above that of annealed wrought alloy by the presence of SiC fibres or particu- 
lates within the composite. The relatively large difference in CTE between SiC and A1 (1:10) 
would result in substantial stresses during cooling and lead to dislocation generation at the 
particle-matrix interface [139]. Arsenault and Shi [140] were able to predict an increase in 
dislocation density (p) according to: 


Ap = 


AaATNA 

b 


(2.14) 


where (AaAT) is the thermal misfit strain, b is the burgers vector, N is the number of 
particles and A is the total surface area of the particles. The matrix strength increment due 
to dislocation density (p) is governed by the relation [141]: 


Aamy = aGh^ (2.15) 

where a is a constant (0.5— 1.0) and G is the matrix shear modulus. Experimental evidence 
for dislocation generation has been observed by in situ high voltage electron microscopy 
on cooling an SiC/Al composite foil from 500°C to room temperature [142]. The model 
successfully predicts the strength and elastic modulus of the composite but fails to explain 
the anisotropic behaviour of whisker reinforced composites. 
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(c) Strengthening from gredn size refinement 

The presence of reinforcement particles was found to refine the grain size of the matrix alloy, 
by increasing the nucleation sites and inhibiting grain growth. The matrix strengthening 
due to grain size refinement can be estimated using Hall-Petch relation [143,144]: 

Affym^ P/Vd (2.16) 

where D is the grain size and /5 is a constant. In practice, the increase is only of a few tens 
of MPa. 


2.5 Toughening mechanisms 

Alloys processed via any one of the in situ processes finally yield a composite structure, 
wherein the metal and ceramic phases are uniformly dispersed. In some composites, in- 
terconnected metal ligaments (usually of 1-4 fxm diameter) are present even when a third 
phase is present as a filler material. Fracture toughness is a material property, physically 
represented as a measure of resistance to crack propagation. Such measurements have been 
carried out with some success in many brittle composites. In the following sections, the 
toughening mechanisms in metal and ceramic matrix composites are briefly reviewed. 

2.5.1 Toughening in metal-dispersed ceramic composites 

Recent work on toughening mechanisms is focused on composites with dispersion of isolated 
metallic particles [145-151]. In these systems, the toughness increment is from moderate to 
very high (approximately 30-60 vol.7o of the matrix), depending on the system and process- 
ing conditions [148-150]. Although there is limited information on toughness of oxide/nitride 
systems, there exists a consensus that the toughness is due to the dispersed metal ligaments 
within the ceramic matrix. The clamping force exerted by the metal ligaments bridge the 
crack faces and contribute to the toughness increment of the composites [152-154]. 
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Figure 2.14: Schematic diagram showing crack bridging mechanism in metal dispersed ce- 
ramic composite. The work of stretching contributes to the toughness of the composite[151]. 


In these systems, the metal particles remain elastic until a crack approaches. As the crack 
advances, the particle surface is subjected to plastic deformation, but the particle itself 
remains intact by bridging the material even after the crack circumvents the particle (Fig- 
ure 2.14). Subsequently, stretching of the metal occurs by plastic flow, ultimately resulting 
in total failure of the particle. The extensive plastic deformation of the bridging particles 
before fracture contributes to substantial toughening. To improve the overall toughness of 
the composites, ductile reinforcements of high strength are desirable [152-154]. Further, if 
the particles are weakly bonded to the matrix, there is a tendency to pull-out as the crack 
approaches with minimum increment in toughness. Alternatively, if the interface is strong, 
the crack passes through by stretching the particles. Depending on the degree of bonding 
between matrix and reinforcement, the toughness varies drastically. Furthermore, tough- 
ness also appears to depend on the particle size [155]. These criteria have been extensively 
analyzed taking model systems into consideration [151-153, 155]. In brief, a ductile rein- 
forcement in a ceramic matrix contributes to toughening in two ways, namely crack bridging 
and crack shielding. The former contribution comes from higher work of fracture of large 
particles distributed in the matrix; whereas the latter is dominant when smaller particles 
with high yield strength are present. 

An observation of indentation cracks in AI2O3/AI composites revealed that the fracture path 
is continuous in the ceramic matrix but intercepted by aluminum where it necks down to a 
chisel edge or a point, indicative of extensive crack bridging. Aluminum ligaments stretching 
up to 1 ixm [152,156] were detected at distances as far as 160 /u.m behind the crack tip. In some 
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regions, matrix cracking is caused because of high stress exerted by deforming ligaments. 

Andersson and Aghajanian [130] developed a two-dimensional analytical model to describe 

fracture toughening in DIMOX composites and estimated the mean clamping stress(a,„) as: 

Ut-2R)E-al-\ , , , 

' (2.17) 


Cffn — 


• In 




where ffyi is the fraction of metal phase, 2t is the width of the undeformed metal ligament, R 
is the radius of the void in the metal, Em is the elastic modulus of the metal, is the yield 
stress and n is a constant. Sigl et al. [152] determined the plastic deformation of a metallic 
phase using a number of methods (finite element, slip line fields) and compared them with 
experimental data obtained on systems like AI2O3/AI and WC/Co. They concluded that 
a ductile phase having large uniaxial work of fracture and mean strain for hole initiation, 
richly contributes to the overall fracture toughness of the composite. 


Pickard et al. [157] measured toughness of DiMOX materials with or without SiC reinforce- 
ments. Higher strengths were obtained when SiC particulate preforms were used. Toughness 
increment observed with increasing particle size was attributed to frictional bridge effects (in 
addition to metal toughening). Even higher toughness values are predicted for composites 
with high aspect ratio. Furthermore, the residual metal (alloy) contribution to toughness 
can be enhanced by precipitation hardening. 


2.5.2 Toughening mechanisms in ceramic-dispersed metal com- 
posites 


In particulate reinforced metal matrix composites, toughness depends on a complex interac- 
tion between the constituent phases and the processing route employed [158]. They may be 
broadly classified as: (i) properties of the reinforcing phase, namely chemical nature, size, 
orientation and aspect ratio, (ii) properties of matrix alloy and (iii) processing route,such 
as distribution of reinforcement, level of porosity, segregation effects, etc. However, most 
metal matrix composites have ductile matrices which at the onset of fracture, exhibit lo- 
calized crack tip plasticity [159]. In such systems, an energy dissipation technique, such as 
the J-integral was used to estimate the elastic strain energy released and the plastic energy 
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dissipated during crack the extension. 





I 

Figure 2.15; Energy absorption mechanisms in MMCs with discontinuous reinforcement[160]. 
For different mechanisms marked in the diagram refer to the text. 

When a crack progresses through a particulate reinforced composite there are several mech- 
anisms, which to a lesser or greater extent hinder the crack movement (Figure 2.15). Ad- 
ditionally, in fibre composites, fibre-matrix interface debonding may take place. Each of 
these mechanisms absorb energy, whereby requiring more work to be done by the external 
load [160]. They are: (1) deformation within plastic zone, (2) formation of voids along 
fracture surface, (3) fracture of reinforcement particles along crack path, (4) interfacial sep- 
aration between matrix and reinforcement, (5) fracture of reinforcement particles within the 
plastic zone, (6) tortuous fracture path, increasing fracture surface area and (7) matrix crack 
near, but not continuous with the main crack. 

When all other parameters are maintained constant, toughness increases with increase in size 
of the reinforcement. This is due to the presence of an extensive ductile matrix surrounding 
the larger diameter particles which enhance toughness through matrix plastic deformation 
[161]. Secondly, the presence of particulates alter the slip characteristics of the matrix by 
obstructing slip, limiting the operation of secondary dislocation sources and hindering cross- 
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slip. Finally, dispersoids limit the strain to fracture at the crack tip. The hard brittle 
particles within the plastic zone of the matrix undergo elastic deformation and decrease the 
work-to-fracture ratio in proportion to the reinforcement volume fraction. The elastic strain 
energy is released once the crack tip has passed. On the other hand, if the particle were to 
fracture, the energy of new surface formation is absorbed. However, the theoretical aspects 
of some of the above mentioned mechanisms are yet to be experimentally verified. 

2.6 Applications 

Two in situ methods, namely xd (Martin Marietta, U.S.A.) and DIMOX (Lanxide, U.S.A.) 
are being explored to manufacture various components in automobile and aerospace indus- 
tries. DIMOX and PRIMEX processes offer composites of varying metal/ceramic ratio, with 
or without reinforcing materials. In these processes, a greater flexibility is achieved in tai- 
loring properties from the view-point of applications. Keeping the advantages of the process 
(simplicity, flexibility and cost effectiveness) in mind, a large number of patents were filed 
based on liquid melt oxidation and nitridation [124]. In a recently published comprehensive 
report, methods for producing large, complex and thin shapes are briefly outlined [40]. Lan- 
dini et al. [42] developed valve inserts using SiC and AI 2 O 3 particulate reinforced AI 2 O 3 /AI 
composites which were successfully tested for 100 hours at full load operation on a single 
cylinder diesel engine. DiMOX composites exhibited superior wear resistance coupled with 
high hot-hardness. Also, components made out of SiC particulate reinforced AI 2 O 3 / Al com- 
posites (Alanx products, U.S.A.) were utilized for hydrocyclone cone liner and apexes. The 
performance of these composites were found to be superior (by up to 5 times) compared to 
conventionally used parts [162]. On similar lines, SiC (Nicalon) fibre reinforced AI 2 O 3 /AI 
composites (Kic of 27 MPa^/m and of 880 MPa at room temperature) are projected 
as future materials for gas turbine applications [41]. The other suggested applications of 
these materials include wear parts for pumps, valves, chute liners, jet mill nozzles, heat ex- 
changers, gun barrel liners, automobile parts (port liners, piston pins, etc.), armour, rocket 
engine components, electronic packaging, etc. [124] Unlike melt oxidized/reacted compos- 
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ites, XD materials can be subject to conventional metal working techniques to modify the 
microstructures and properties. XD materials are now being examined as potential structural 
materials for space applications [124]. 

Another recently developed family of materials perceived to have good application is the ZrB 2 
platelet reinforced ZrC with varying residual Zr. These composites possess good electrical 
conductivity and complex shapes can be easily machined using electrical discharge machining 
(EDM). Further, components fabricated from these composites were successfully tested in 
solid fuel rocket engine at SOO^C. Presently, applications are limited to temperatures below 
lOOO^C due to their poor creep and oxidation resistance [41]. 

2.7 Summary and Scope of present work 

In the recent past, several in situ methods have been developed to obtain metal/ceramic com- 
posites, which have potential to replace conventional materials. For clarity, these processes 
are classified based on reactant phases. They are liquid-liquid (sol-gel), liquid-gas (dimox 
and PRIMEX), liquid-solid (Zr-ZrC/ZrBa composites. Reaction metal penetration and mixed 
salt reactions), solid-gas (reduction of oxides) and solid-solid (SHS, Reaction sintering and 
XD) reactions. While many of these processes are confined to laboratory, a few are well 
developed to produce near net-shape components. In composite microstructures obtained 
by liquid-gas reactions, metallic and ceramic phases are interconnected three-dimensionally, 
usually with a preferred growth orientation. Further, oxidation/nitridation processes result 
in ‘multiphase’ structures by incorporating a variety of continuous/discontinuous reinforce- 
ments. Additionally, a flexible process, such as directed melt nitridation is capable of pro- 
ducing microstructure of two extremes, namely metal matrix and ceramic matrix composites. 

Unlike directed melt oxidation, the microstructural development during composite growth in 
Nitrogen atmosphere in not well understood. Though composite microstructures with SiC, 
AIN, AI 2 O 3 and TiB 2 have been shown to be possible, a systematic study on the influence 
of process variables and ensuing composite properties has not been attempted. A better 
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understanding of the process variables that influence the proportion of the A1 and AIN in 
the matrix is desired. The residual aluminum in these composites restricts their application 
to low temperatures. Therefore, conversion of aluminum to a high temperature phase is 
desirable. Lastly, no mathematical model to predict the composite growth is reported in 
literature. 

In the present study, several aluminum rich binary, ternary and quarternary alloys were ni- 
trided to document the influence of processing variables on nitride formation. The processing 
variables examined from the viewpoint of nitridation are: Si content, process temperature 
and time. Further, nitridation experiments were interrupted at different stages to under- 
stand the nitridation mechanism. Optimizing the nitridation and infiltration characteristics, 
Al-2Si-8Mg alloy was chosen for infiltration studies in porous SiC preforms. The infiltration 
kinetics and microstructural development of SiC reinforced AIN/Al composites were studied 
as a function of process temperature, reinforcement size and shape. Additionally, the com- 
posites processed under the above conditions were mechanically characterized and compared 
with AIN reinforced AIN/Al composites. 

The major drawback of SiC/AlN/Al composites is the residual aluminum. Aluminum softens 
at high temperatures and limits the use of the component to below 500®C. In order to 
convert the aluminum in matrix to a high-temperature phase, infiltration experiments were 
carried out through intermetallic (Nickel aluminide) preform at various temperatures. The 
microstructural development and mechanical properties of various intermetallic reinforced 
composites were assessed. Lastly, a mathematical model based on porous-bed phenomenon 
was developed to predict the composite growth. The influence of particle size and void 
fraction on infiltration rate were numerically assessed. 
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Chapter 3 


Experimental 

3.1 Introduction 

In this chapter, the experimental procedures adopted for the processing and characterization 
of reinforced AIN/Al composites are described in detail. A preliminary study of nitridation 
and infiltration kinetics of various binary and ternary alloys was undertaken before select- 
ing an alloy for the purpose of infiltration. The chosen alloy was infiltrated into various 
forms of SiC, AIN and Nickel aluminide particulate preforms. The ensuing composites were 
characterized for their microconstituents and mechanical properties. Microstructural char- 
acterization to identify the various phases and their distribution was carried out using X-ray 
and electron/optical microscopy techniques. The mechanical property measurements carried 
out in the present work are: Vickers microhardness, four-point flexural strength and fracture 
toughness. 

3.2 Composite processing 

AIN/Al composites were formed by reacting molten aluminum alloys in a nitrogenous at- 
mosphere. Special care was taken to maintain a very low Oxygen partial pressure in the 
reaction chamber. For studying the microstructural development in various alloys, nitrida- 
tion experiments were interrupted at different time intervals. The quenched samples were 
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Table 3.1: Alloy compositions used in the present investigation. 


Sr. 

No. 

Nominal 

composition {wt.%) 

Sr. 

No. 

Nominal 

composition {wt.%o) 

1 

Al-8Mg 

7 

Al-5Si-8Mg 

2 

Al-8Zn 

8 

Al-8Si-8Mg 

3 

Al-3Na 

9 

Al-2Si-2.3Li 

4 

Al-2.3Li 

10 

Al-2Si-8Mg-lFe 

5 

Al-0.5Si-8Mg 

11 

Al-2Si-4Mg-4Zn 

6 

Al-2Si-8Mg 




cut parallel to the growth direction to examine structural variations using the Scanning Elec- 
tron Microscope (SEM). For infiltration experiments, loose or sintered preforms were used. 
Spontaneous infiltration takes place when the porous preform is wet by the molten alloy. 
The infiltrated composites on cooling were found to be nearly dense. 

3.2.1 Alloy preparation 

Al, Si, Mg, Zn, Na and Li elements used for alloy preparation were of > 99.95% purity. 
For alloy preparation, a known amount of aluminum was melted in a clay-graphite crucible 
using a SiC resistance heated electric furnace. To arrive at a given alloy composition, the 
weight of each element was directly calculated from the required wt.%, taking into account 
the losses due to volatilization and oxide formation. Si was added at higher temperatures 
(>1000°C) to ensure complete dissolution. The alloy melt was thoroughly degassed before 
adding the volatile alloying elements wrapped in aluminum foil. The melt was finally cast 
into cylindrical bars of 20 mm diameter. The compositions of these alloys are tabulated in 
Table 3.1. 

3.2.2 Preform materials 

The filler materials used in the present work and their sources are listed in Table 3.2. The 
preform was generally used as loose powder and in selected cases the powder was sintered be- 
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fore insertion into the crucible. Various forms of SiC reinforcements, namely fibres, platelets 
and particulates, were used to study the influence of filler material morphology on infiltration 
kinetics and mechanical properties. When SiC fibres were infiltrated, the bundle of fibre was 
arranged such that the fibre axis was aligned parallel to the infiltration direction. 


Table 3.2: Details of reinforcing material used in this investigation. 


Sr. 

No. 

Reinforcing 

material 

Supplier 

Particle size 
(fim) 

1 

SiC particulate 

Carborundum 

32-45 


(« + /?) 

Universal, India 

45-71 

71-160 

2 

SiC platelets 

(ffl 

Millienium 

Technology Inc., USA 

20-30 

3 

SiC short fibre 

iP) 

Millienium 

Technology Inc., USA 

5-10 

4 

SiC fibre 

iP) 

Nippon Carbon, 

Japan 

10-25 

5 

SiC monofilaments 

AVCO speciality 

142 f^m with a 


(o + p) 

materials, USA 

6f^m C-rich layer 

6 

AIN particulate 

Elektroschmelzwerk 
Kempten, GmbH, Germany 

3-20 

7 

Nickel Aluminide 
(NiaAla+NiAls) 

Gesellschaft fur Elektro- 
metallurgie, GmbH, Germany 

45-80 


While no chemical treatment was given to SiC fibres and platelets, additional processing was 
needed to remove residual carbon and surface oxide layer from SiC particulates. The SiC 
particulates were heated at 900‘^C in air for 5 hours, to ensure complete oxidation of residual 
carbon. Later, the heat treated powder was washed with HF, followed by water, acetone 
and finally dried in an oven at 200"C. 

For the infiltration experiments to study variation in particle size and temperature, sintered 
SiC particulate preforms were used. The acid washed SiC powder was mixed with a few 
drops of 2% polyvinyl acetate as binder. The binder mixed power was cold pressed in an 
1” diameter die to a load of 20 kg/crri^ and held for one minute. Later, the green compact 
was sintered in air at 1200"C for 2 hours to provide adequate strength for handling and 
machining. The volume fraction of the pores was calculated from the weight of the sintered 
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powder compact. The nickel aluminide particulates used were of <100 iim size, with a 
composition of 50 wt.% Ni and Al. The composition lies within the Ni 2 Al 3 and NiAla two 
phase field in the Ni-Al phase diagram. 

3.2.3 Crucible configuration 

Pore free recrytallized alumina crucibles were made from 20 mm inner diameter hollow tubes 
(2 mm thick) supplied by Kumar Manufacturing Company, Calcutta. One end of the crucible 
was sealed with alumina paste and sintered at 1200°C'. A coating of zirconia was applied at 
the bottom to make the growth/infiltration unidirectional. Experiments were carried out in 
two configurations, uiz with or without preform (Figure 3.1). For nitridation studies of base 
alloys, the metal billet was kept in the crucible and placed within the furnace. WTiereas, for 
infiltration experiments, the preform was placed on top of the metal as shown in Figure 3.1b. 


Vapor phase Vapor phase 



Filler material^ 


Aluminum 


Aluminum 

alloy billet 

- — A12P3 » 

Cmcible 

alloy billet 


(a) (b) 


Figure 3.1: Schematic of crucible arrangement (a) without and (b) with preform. 

3.2.4 Nitridation experiments 

The experimental arrangement consisted of a tubular furnace in conjunction with a Nitrogen 
gas supply at the inlet, and a rotary pump at the outlet (Figure 3.2). The furnace has a 
pore free mullite tube of 50 mm inner diameter, heated externally by SiC heating elements. 
The furnace temperature was controlled by a 10 kV microprocessor base power controller. 
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The temperature was measured using a Pt-Pt-13%Rh (R type) thermocouple, placed within 
the furnace chamber in contact with the outside wall of the muUite tube. 



Figure 3.2: Experimental arrangement used for composite processing in Nitrogen atmo- 
sphere. 

The furnace tube was calibrated against the external thermocouple under flovtdng gas con- 
ditions. There was a 35±3"C' temperature variation between the inside and outside wall of 
the furnace tube. The constant temperature zone extended to 30 mm on either side from 
the center of the tube. There was a temperature drop of 8‘’C' at the extremes of the constant 
temperature zone. The reaction gas consisted of a mixture of Nitrogen and 4% Hydrogen of 
high grade supplied by Indian Oil Limited, New Delhi. Hydrogen was required to maintain 
the atmosphere slightly reducing. A 3-way tap was employed at the outlet, to switch the 
outflow from the rotary pump to the paraiSn column. 

To begin an experiment, the sample containing crucible was weighed before placing in the 
constant temperature zone of the tubular furnace and sealed at both ends. The furnace 
chamber was evacuated and purged with the reaction gas three times before switching the 
outflow to the paraffin bubbler. A constant gas flow rate of ~10 ar?lmin was maintained 
throughout the experiment. Once the gas flow has steadied, the furnace chamber was heated 
to the reaction temperature at the rate of 6 °C / min. After the process duration, the furnace 
was cooled, and the sample was removed and weighed to calculate weight gain/loss. 
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3.2.5 Thermo Gravimetric Analysis (TGA) 

The TGA analysis was carried out on selected alloys using a CAHN balance (model 171). 
The weight gain during nitridation and infiltration experiments was monitored to follow 
the reaction progress by continually measuring the sample weight. A 7 mm inner diameter 
recrystallized alumina crucible containing the sample was placed in a weighing bucket and 
suspended within the horizontal tubular furnace by a platinum wire. The crucible was 
covered with alumina wool to prevent the Mg vapour from contaminating the furnace tube. 
The balance arrangement was isolated from the furnace chamber by flowing Argon gas. The 
experimental start-up procedure and heating rate were the same as described previously. 
The sample weight and temperature were recorded at 10 second intervals, and stored in a 
personal computer for data analysis. 

3.3 Microstructural characterization 

3.3.1 X-Ray Diffraction (XRD) 

XRD patterns were obtained from the powder sample composite materials using an X-ray 
diffractometer (Iso-Debyeflex 2002), having a Cu target (K^, A=1.514A). About 0.5 g of the 
reinforcement particle or infiltrated composite was ground to a fine powder in an alumina 
mortar and pestle. In case of alloy nitrided samples, a diamond file was used to file the 
requisite amount of powder. The settings used for X-ray diffraction are given in Table 3.3. 
The diffraction pattern was recorded on a strip chart recorder. Initially, a rapid scan was 
made from 20 to 120°C' (26) to locate the position of the different peaks. In order to separate 
and identify overlapping peaks, a slower scan was employed. 


3.3.2 Optical Microscopy 

Samples for microstructural examination were sectioned using a slow speed isomet saw. The 
cold mounted samples were polished on a series of emery papers. The final polish was done 
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Table 3.3: XRD setting used for characterization of powder samples. 


Parameter 

Scan 

Setting 

Voltage 

- 

30 kV 

Current 

- 

20 mA 

Scanning speed (26) 

rapid 

slow 

S°/min 

0.6° f min 

Chart speed 

rapid 

slow 

12 mm/mtn 
15 mm! min 

Time constant 

- 

10 s 

Counts/min 

rapid 

slow 

10 a: 

variable 


with one micron diamond, followed by 0.05 micron alumina. An optical microscope (Leitz) 
was used for preliminary microstructural examination. A better contrast between ceramic 
and metallic phases was obtained in optical micrography. 

3.3.3 Scanning Electron Microscopy (SEM) 

The SEM (JSM 840A, JEOL) was used for a variety of purposes including microstructural 
characterization and fractography. Samples were coated with silver to avoid charging. For 
microstructural observation, the back scattered mode was preferred to enhance the contrast 
between the ceramic and metallic phases. On the other hand, the secondary mode was 
preferred for observation of fracture features. In selected cases, compositional analysis was 
carried out using the Energy Dispersive X-ray microanalyer (EDAX) associated with the 
SEM. 

3.3.4 Transmission Electron Microscopy (TEM) 

Since the composite contains a brittle reinforcement dispersed in a ductile matrix, special care 
was required in sample preparation. Initially, 0.3 mm thick slices were cut from the infiltrated 
composite on a slow speed Isomet saw. The flat samples were mechanically thinned down to 
~0.1 mm thickness on 600 grid emery paper, from which 3 mm disc specimens were punched. 




3.4 Mechanical testing 


80 


These specimens were then dimpled to ~40 /zm thickness on a dimpler, using one micron 
diamond paste as the grinding medium. The dimpled disc samples were further thinned 
using an ion beam thinning machine. The ion beam thinning unit was operated under the 
following conditions for 80 to 120 hours, until the sample became electron transparent. 

Gun voltage 4 kV 
Beam inclination 10-15° 

Gun current 5-40 txA (dc) 

Gas Ar (high purity) 

3.4 Mechanical testing 

The mechanical tests performed on the composite were microhardness, flexural strength 
and fracture toughness. The flexural strength and fracture toughness were carried out in an 
Instron 1195 machine, using a 4-point bending fixture with 4 mm and 10 mm iimer and outer 
spans, respectively. A constant (slowest) cross-head speed of 50 fj,m/min was maintained 
for all tests until failure occurred. 

3.4.1 Vickers Microhardness 

Microhardness measurements (Leitz, Miniload 2) were carried out in case of aluminide re- 
inforced samples to measure the hardness variations in the matrix, as well as reinforcement 
phase. The test was performed by dropping a loaded diamond indentor (10-50 g) on the 
different phases. In each case, on an average at least 10 readings were taken. 

3.4.2 Flexural strength 

Flexural strength measurements were carried out on a brass 4-point fixture with cylindrical 
steel pins at the inner and outer span positions. Rectangular beam specimens of 3.5x2.5x14 
mm dimension were cut using an Isomet diamond saw and the surfaces were polished to 1 
micron finish. Each sample was placed in the fixture as shown in Figure 3.3 and loaded in 
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an INSTR.ON 1195 machine. The load vs, displacement data was recorded on a strip chart 
The flexural strength was calculated according to the expression: 


3P ( d2-dA 

bw^ y 2 y 


(3.1) 


where P is the load at failure, b is the breadth, w is the width of the beam, and di and d 2 
are the inner and outer span lengths, respectively, of the 4-point jig. 


3.4.3 Fracture toughness 
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Figure 3.3: Schematic of four-point testing arrangement to measure strength and toughness 
of beam specimens. 


For toughness (iTic) measurements, in addition to the sample preparation for flexural strength, 
a notch roughly one-third of sample width (w) was introduced mid-span using the Isomet 
saw. The sample is placed in the 4-point fixture as shown in Figure 3.3, such that on loading 
the notched face will be in tension. The fracture toughness was calculated using the following 


expression: 
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(3.2) 


where a is the notch depth and the other terms are similar to those in Equation 3.1. 
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3.5 Mathematical modelling 

A FORTRAN 77 code was developed to model the liquid rise phenomenon through porous 
ceramic preforms. The program uses a forward difference technique, to calculates flow veloc- 
ities and pressure values at uniformly spaced grid points within the computational domain. 
The fluid flow part of the code is based on the Algorithm (SIMPLE) developed by Patankar 
and Spalding [1]. The solution procedure marches forward in time, treating the unsteady 
state equations as quasi-steady. Further details of the numerical procedure are provided in 
chapter 6. 
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Chapter 4 


Nitridation of Aluminum Alloys 

4.1 Introduction 

Nitridation of aluminum rich alloys was carried out in N2-4%H2 atmosphere under varying 
process conditions. The process variables examined in the present study include, alloy com- 
position, nitridation temperature and time. To understand the nitridation mechanism, the 
process was interrupted periodically to observe the macro and microstructural development. 
On each alloy sample, the weight gain measurement was used to discern the amount of ni- 
tride that had formed. The difference in weight, before and after the experiment, include 
both the weight loss due to escape of volatile elements and weight increase caused by in situ 
AIN formation. Further, thermo-gravimetric analysis (TGA) was carried out on selected 
Al-Si-Mg alloys to understand the influence of Si on nitridation. 

The surface of the nitrided samples were microscopically observed to study the external 
growth morphology. A vertical section parallel to the growth direction of the nitrided sample 
was examined to reveal internal nitride formation beneath the surface layer. The microstruc- 
tural observations were correlated to the weight gain measurements. A small portion of the 
sample was ground to fine powder for X-ray analysis to qualitatively identify the phases 


present. 
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Results 

4.2 AIN/Al composite formation in Al alloys 

4.2.1 Binary alloy nitridation 

To characterize the nitridation behaviour in binary alloys, Al-8Mg, Al-8Zn, Al-3Na and Al- 
2.3Li alloys were nitrided at lOSO^C. The choice of alloy was made ensuring that the minor 
constituent is volatile at the process temperature to serve as an Oxygen gettering agent. The 
normalized weight gain/loss of alloys nitrided at different temperatures for various durations 
are presented in Table 4.1. The negative values in weight is due to the excessive weight 
because of Mg evolution. The nitride formation can be perceived by comparison of weight 
gain data. Both Al-8Mg and Al-8Zn alloys registered continual weight loss with increase in 


Table 4.1: Nitridation data of Binary alloys. 


Alloy 

composition {wt.%) 

Process 

temperature (‘’C') 

Process 
duration (hrs) 

Normalized 
wt. gain (g/cm^) 

Al-8Mg 

1050 

24 




40 

-0.113 



24 


Al-8Zn 


24 




40 

-0.147 


1150 

24 


Al-3Na 

1050 

24 


Al-2.3Li 

1050 

24 

+0.025 


nitridation temperature and process duration. On the contrary, Al-3Na and Al-2.3Li alloys 
exhibited marginal to substantial weight increase after nitridation for 24 hours at 1050'’C'. 

The role of Mg as a deoxidant is confirmed by the presence of MgO (as fine particle or 
sponge) on the alloy surface and walls of the crucible. Often the sponge consisted of fine 
fibres. These fibres were polycrystalline in nature of 1—2 ixm in diameter (Figure 4.1). Mg was 
identified using ED AX. Similar features were not distinctly observed in the alloys containing 
other solute atoms. This is because the vapour is carried away by the flowing gas and 
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deposited elsewhere in the furnace chamber. Further nitridation was not observed, due to a 
passivating surface nitride layer formation on Al-8Mg and Al-8Zn alloys. The morphology 
of the surface nitride layer is shown in Figure 4.2(a&:b). A cross-section revealed a surface 
nitride layer of <20 fxm thick, which is presumably non-porous and obstructs the access of 
the underlying metal to the nitriding atmosphere. Hence, the AIN/Al composite growth is 
inhibited. On the contrary, no passivating nitride layer was formed on the Al-3Na and Al- 
2.3Li alloy surfaces. The unstable surface nitride layer permits continued interaction between 
the molten metal and the reaction gas. This is particularly evident by the AIN whisker like 
growth on the surface of Al-3Na and Al-2.3Li alloys, when nitrided at 1050°C for 24 hours 
(Figure 4.2(c&:d)). X-ray analysis carried out on ground powder taken from the surface of the 
composite confirmed the presence of hexagonal AIN of the wurtzite structure (Figure 4.3). 
The presence of A1 was also identified in the nodules grown on the Li containing alloy. 

The cross-section of the nitrided Al-3Na and Al-2.3Li alloys are shown in Figure 4.4. Since 
the nitrided surface layer is non-passivating in these alloys, continued reaction leads to 
formation of large isolated AIN crystals, well below the surface nitride layer, indicative of 
inward growth of AIN (Figure 4.4(c&:d)). However, there is only limited outward growth 
above the surface AIN layer. 

4.2.2 Nitridation of Si containing alloys 

The nitridation behaviour of various ternary alloys, particularly with small amounts of Si 
added to the binary alloys examined earlier are studied. The influence of process parameters, 
such as temperature and time, on the nitride formation is also presented. But first, the 
nitridation mechanism is elucidated by treating the Al-2Si-8Mg alloy as a model system. 
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Figure 4.4: Cross-sectional micrographs showing surface nitride features of (a) Al-3Na and 
(b) Al-2.3Li alloys, (c&d) show enlarged view of the isolated internal nitride formed in 

(a&b), respectively. 
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(a) Nitridation studies in Al-2Si-8Mg alloy 

To understand the AIN/Al composite growth mechanism, the nitridation of an Al-2Si-8Mg 
alloy at llOO^C was interrupted at different time intervals (by periodically removing the 
specimen from the furnace) to observe the macro and microstructural development. In the 
early stages of the experiment (<6 hours), the Mg in the alloy escapes as vapour and is 
deposited as white MgO crystals on the sample surface and refractory tube walls. Simulta- 
neously, nitride formation commences and the surface of the alloy turns black. Subsequently, 
the alloy wicks through the microdiscontinuities in the surface nitride layer, forming small 
metal globules (Figure 4.5a). With time, the globules coalesce into small colonies (Fig- 
ure 4.5b) and bulk composite growth begins. When these colonies were observed at a later 
stage (>15 hours), long columnar AIN crystal growth is observed (Figure 4.5c). In select 
regions, hexagonal faceted AIN crystals were also observed on the surface. 

The cross-sectional micrographs in Figure 4.6 identify the different regions of composite 
growth in Al-2Si-8Mg alloy after 12 hours. The primary globule appearing on the surface 
formed an AIN/Al layer of >300 ixm thickness (Figure 4.6a). Further formation of fine 
globules atop the primary nodule is also seen. The metal reservoir present in the center of 
the globule supplies aluminum through microchannels that are present in the composite layer 
to the secondary globule (Figure 4.6b). The underneath composite layer reveals columnar 
AIN crystals and microchannels which also supply metal to the reservoir in the primary 
globule (Figure 4.6c). 

(b) Effect of process temperature 

Together with alloying additions, temperature is considered to be an important variable to 
control composite growth in liquid melts. The cross-sectional micrographs of Al-2Si-8Mg 
alloy nitrided for 40 hours at 950, 1050 and 1150°^ are shown in Figure 4.7. With increase 
in processing temperature, three domains of nitride formation are clearly delineated. The 




Figure 4.5: Stages of AIN growth, (a) Aluminum alloy wicking to the surface, (b) globules 
coalesce to form the growth front and (c) hexagonal crystal formation on the surface. 
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Figure 4.7: Cross-sectional micrographs showing (a) surface nitridation at (b) bulk 

nitridation at lOSO^C, (c) deep etched feature of (b) showing interconnected nature of AIN, 
and (d) break-away nitridation at IISO^C showing long AIN crystals. 
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alloy nitrided at shows only a surface nitride layer (<50 fxm thick) with external 

globular growth (Figure 4.7a). On the other hand, the alloy nitrided at 1050°C shows 
extensive AIN formation throughout the metal (Figure 4.7b). This is the desired AIN/Al 
composite processing domain and the microstructural feature is termed as bulk nitridation. 
A sample etched with 10% HF for 20 minutes reveals the interconnectivity of the AIN crystals 
(Figure 4.7c). Lastly, the alloy nitrided at 1150"C shows friable AIN with crystals aligned 
parallel to the growth direction (Figure 4.7d). This morphology, termed as break- away 
nitridation, may not useful from composite processing viewpoint due to extensive porosity. 


(c) Effect of Si on Nitridation 


The binary alloys containing small amounts of Si were nitrided at lOSO^C for 24 and 40 hours 


Table 4.2: Nitridation of Si containing ternary and quarternary alloys. 


Alloy 

composition {wt.%) 

Process 

temperature ifC) 

Process 
duration [hrs) 

Normalized 
wt. gain (g/am?) 

Al-2Si-8Zn 

1050 

24 

-0.099 



40 

-0.129 


1150 

24 

-0.219 

Al-2Si-2.3Li 

1050 

24 

+0.025 

Al-0.5Si-8Mg 

1100 

40 

+0.046 

Al-2Si-8Mg 

1050 

24 

-0.049 



40 

-0.022 


1100 

12 

-0.034 


! 

24 

! -0.017 



40 

+0.014 

Al-5Si-8Mg 

1100 

40 

-0.010 

Al-8Si-8Mg 

1100 

40 

-0.094 

Al-2Si-8Mg-lFe 

1050 

40 

-0.034 


1150 

24 

-0.042 

Al-2Si-4Mg-4Zn 

1050 

40 

-0.114 


1150 

24 

-0.109 


(Table 4.2). After nitridation, no significant weight gain was observed in Al-2Si-8Zn and Al- 
2Si-3Li alloys compared to the binary alloys. On the contrary, the SEM micrographs reveal 
variations in the surface and internal microstructural characteristics (Figure 4.8). Though 




4.2 AIN/Al composite formation in A1 alloys 


95 


the cross-section does not reveal any bulk nitride formation, the nodules appearing on the 
Al-2Si-8Zn alloy surface are finer compared to Al-8Zn alloy (Figure 4.1b). Similarly, the Al- 
2Si-2.3Li alloy does not show any nodular growth on the surface, whereas the cross-section 
reveals a fine and evenly distributed AIN/Al composite structure, as compared to Al-2.3Li 
alloy (Figure 4. Id). In the present work, interest is confined to the Mg containing alloys. 

To study the influence of Si variation on the nitridation of Al-Si-Mg ternary alloy, alloys 
containing diflerent amounts of Si (0.5-8 wt.Vo) were nitrided (Table 4.2). The cross-sectional 
microstructures of alloys nitrided at 1100‘’C' for 24 hours are shown in Figure 4.9. While 
bulk nitridation is possible in Al-0.5Si-8Mg and Al-2Si-8Mg alloys, the nitride formation is 
limited to surface layer formation in the case of Al-5Si-8Mg (<1 mm) and Al-8Si-8Mg (<100 
pm) alloys. X-ray analysis of Al-2Si-8Mg alloy nitrided at llOO^C for 40 hours shows the 
presence of AIN and A1 (Figure 4.10). 

The TGA analysis of Al-Si-Mg alloys were carried out at lOGO^C for 12 hours (Figure 4.11). 
The weight gain vs time plots include both the weight loss due to Mg vapour escaping from 
the alloy and the weight gain due to AIN formation. The absence of any apparent weight loss 
is because the alumina wool used to partially seal the crucible mouth trapped most of the 
magnesia. This appears as an accelerated weight gain in the early stages of the experiment. 
Since both the processes take place simultaneously in the early stages of the experiment, it 
is difficult to isolate and differentiate between the two. Discounting the magnesia formation 
(since all the alloys had 8mt.% Mg), a higher conversion of A1 to AIN is observed with the 
increase in Mg/Si ratio. 
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Figure 4.8: SEM micrographs of (a) Surface features and (b) internal structure of Al-2Si- 
8Zn alloy compared with (c) the surface features and (d) internal composite structure of 

Al-2Si-2.3Li alloy nitrided at 1050°C'. 
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Figure 4.9: Cross-sectional micrographs of (a) Al-0.5Si-8Mg, (b) Al-2Si-8Mg, (c) Al-5Si-8Mg 
and (d) Al-8Si-8Mg alloys nitrided at llOO^C for 24 hours. 
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Figure 4.10: X-ray analysis of Al-2Si-8Mg nitrided at llOO^C for 40 hours. 

(d) Eflfect of Fe addition 

Small amounts of Fe addition are suggested to improve wetting and aid faster infiltration 
of Al-Si-Mg alloys (1,2]. To understand the influence of Fe on nitridation, Al-2Si-8Mg-lFe 
alloy was nitrided at 1050 and llOO^C (Table 4.2). By comparing the weight gain with 
Al-2Si-8Mg alloy, it is noted that Fe additions does not reveal significant AIN formation. 
Further, the cros.s-sectional micrograph reveals only a surface nitride layer of ~100 iim thick- 
ness (Figure 4.12a). Some isolated AIN crystal growth was observed within the aluminum 
(Figure 4.12b). Comparing the raicrostructures vith those of Al-2Si-8Mg (Figure 4.7b), it 
appears that Fe addition does not lead to extensive nitride formation. 

(e) EjBfect of Mg and Zn additions 

Since no composite development was observed in the Zn containing alloy, the combined 
influence of Mg and Zn was explored. Similar to Al-2Si-8Zn alloy, significant weight loss was 
observed in the Zn containing quarternary alloy (Table 4.2). The sample cross-section did 
not reveal any internal nitride formation. On the other hand, faceted cubical crystallites 
were obtained on the sample surface in several areas (Figure 4.13). The X ray analysis of 
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Figure 4.11: TGA plots of Al-0.5Si-8Mg, Al-2Si-8Mg and Al-5Si-8Mg alloys nitrided at 
1000°C for 12 hours. 
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the surface layer identified the cuboids growing on the surface as the two cubic forms of 
AIN of the wurtzite and sphalerite type crystal structure (Figure 4.14). Previously, the 
transformation to cubic phase was known to take place only under high pressures. No AIN 
of the wurtzite structure was detected. Mg along with Zn appears to modify the growth 
pattern of AIN, such that the cubic phase becomes stable at atmospheric pressures. 


Discussion 

4.3 Mechanism of nitride growth 

4.3.1 Solute atom influence in Nitridation 

The role of Mg and Si on nitridation is multifold. Addition of Mg improves wettability by 
decreasing the contact angle. Unlike in oxide systems, the wettability of AIN by aluminum is 
extremely good [3j. Further improvement in wetting is anticipated with addition of volatile 
elements. Schoiz and Griel [4] are of the opinion that Mg 3 N 2 is responsible for modifying the 
nature of the surface nitride layer and improving the flux of Nitrogen into the melt. In the 
present investigation, the presence of MgaNa could not be detected. However, it is possible 
that it may be present in very small quantities. If MgaNj formation was the key step to 
continuous nitride formation, most Al-Mg alloys would have formed composites. On the 
contrary, Mg plays an important role as a local Oxygen getter. By preferential oxidation 
of the Mg in the vapour phase, the partial pressure of Oxygen seen by the aluminum alloy 
is much reduced and favourable conditions for nitridation is established. Finally, volatile 
solute atoms also appear to play an important role in determining the structure of AIN. In 
the presence of Mg, Li or Zn, AIN of the wurtzite crystal structure was formed. Contrarily, 
the dual presence of Mg and Zn resulted in AIN with a cubic (Sphalerite and NaCl type) 
structure. AIN of the wurtzite structure is reported to transform to NaCl type crystal 
structure at ~ 21 ± 1 GPa at ambient temperatures [5]. On the other hand, transformation 
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Figure 4.14: X-ray analysis of the surface layer of Al-2Si-4Mg-4Zn nitrided at 1050°C for 24 
hours. 

to Sphalerite type crystal structure is known to occur at 30 GPa at ambient temperature 
and 5.5 GPa at 1000"C [6]. In the present case, the combined influence of Mg and Zn modify 
the reaction conditions such that the cubic phase is the stable morphology at atmospheric 
pressure. Further study is required to fully understand this interesting transformation. 

Si in isolation is non-effective in aluminum alloy nitridation. But in conjunction with Mg, 
it effectively transforms the reaction mechanism from a surface nitridation to bulk nitride 
formation. This change is brought about in two ways. Firstly, the surface nitride layer 
characteristics are modified by the appearance of extensive discontinuities, such as microc- ; 
racking, microporosities, etc. These openings on the surface layer accommodate wicking of ' 
liquid alloy and nitridation takes place extensively, due to larger surface area of aluminum ; 
exposed to the reaction gas. Second!}', the nitride formation rate can be expected to improve 
by enhancing solubility or diffusivity of Xitrogen m the alloy. The solubility of Nitrogen in ^ 

iilurninum at IDOO^'C Is reported to be 2 x 10“® at.7i [7i. Additionally 0.5 wt.% addition , 

of Si increased the vi.sco.sity of pure aluminum from 0.85 to 0.91 cP at OOO^C [8]. However, j 
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there is no data available on in the literature on the solubility and difFusivity of Nitrogen in 
complex aluminum alloys. 

It is also important- to note that rather than a mere presence of Mg and Si, a combined 
ratio of the two is of grcuitcr significarjce. A higher Mg is beneficial in controlling Oxygen in 
the reaction atmosplntrci. IJut higher Si containing alloys always form a passivating surface 
nitride layer [9]. For this rcutson, lower Si (i.e. higher Mg/Si ratio) is desirable for bulk 
composite growth. 

4.3.2 Composite development in Al-Si-Mg alloys 

The microstrurtural dev<!lopmcnt during nitridation of Al-2Si-8Mg alloy progresses through 
several steps. Even as the Mg vapour escapes from the surface, the molten alloy gets nitrided 
forming a thin discontinuous layer of AIN on the surface (<1 /rm thick). In the next stage, 
the surface nitrick; layer allows liquid metal to wick through the surface discontinuities, 
forming metal globule.s on the surface. As the process continues, the globules get nitrided 
and simultaneously coalesce to form a continuous growth front. The capillaries in between 
the AIN cry.stals aid wicking of molten metal, thereby sustaining the growth of AIN/Al 
composite structure. On the other hand, when the composite is processed at much higher 
temperature, the kinetias of AIN formation is faster resulting in columnar growth of AIN 
crystals along the [0001] crystal direction [10]. 

The nitridation process has many parallels to the DIMOX process which has been extensively 
studied [11-13], In the early stages, when the alloy is held at above the liquidus temperature, 
a duplex oxide layer (MgO + MgAl 204 ) forms on the surface. These oxide layers are porous 
and contain interconnected microdiscontinuities. The liquid metal from the underneath 
reservoir wicks through the pore channels and emerge as small nodules on the surface. Many 
such nodules coalesce to form a ‘cauliflower’ type of colony on the surface. Finally, several 
such colonies form a planar oxidation front. At each stage, the duplex layer envelopes the 
nodules and Mg (or any volatile species) in the alloy reservoir depletes with time. When the 
Mg content in the alloy drops below a threshold value, i.e. 0.3wt.%, columnar AI2O3 crysta 
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nucleate and grow to several tens of microns uninterruptedly. AI2O3 grows mainly as ‘a’ 
with the c-axis maintained parallel to the growth direction in an interconnected manner [14]. 
Finally, an Oxygen gradient builds up across the duplex layers causing Mg2+, AF+ and 0^“ 
ions from the underneath layers to dissociate. Mg^+ ions migrate to the surface and maintain 
the nonprotective MgO layer, whereas AP+ and 0^“ contribute to bulk growth of AI2O3 [15]. 

The number of stages involved in AIN/Al composite growth are lesser compared to oxida- 
tion. In nitridation, no complex surface oxide/nitride layers are formed. However, transi- 
tional stages, such as nodule formation by wicking, conversion of these nodules to composite 
structure and columnar growth are quite similar. The specific volume ratio of the nitride 
layer (V ain is greater than unity and is expected to form a protective nitride 
surface layer. Similar to oxidation, Mg present in the alloy is reported to have a catalytic 
effect on nitride formation, such that it helps to transfer the surface reaction into a volume 
reaction [4]. 

Based on the reaction kinetics of composite formation, the A1 to AIN conversion observed 
in this investigation can be broadly classified into four reaction domains. They include, (1) 
passivating surface nitridation with no internal nitride formation, (2) predominantly surface 
nitridation with diffusion controlled volume nitridation, (3) bulk nitridation with extensive 
outward AIN/Al composite growth and (4) break-away nitridation with complete conversion 
to AIN, In the present work, reaction mechanism 1 is observed in Al-8Mg and Al-8Zn alloys 
(Figure 4.2), w'here the nitridation is limited to a surface layer formation. Alloys with low 
Mg/Si ratio display mechanism 2 (Figure 4.9(c&d)). On the other hand, alloys with higher 
Mg/Si ratio (i.e. Al-0.5Si-8Mg and Al-2Si-8Mg) exhibit bulk nitridation (mechanism 3, 
Figure 4.9(a&:b)). Lastly, break-away nitridation (mechanism 4) is observed in high Mg/Si 
ratio containing alloys nitrided at temperatures above 1100°C' (Figure 4.7d). In the earlier 
investigation, these four stages were observed by varying the alloy composition. Prom the 
present results, it is concluded that temperature variation can also shows similar transitions 
in reaction mechanism in a particular alloy. 

The significant variables in aluminum alloy nitridation are the alloy composition. Oxygen 
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partial pressure and process temperature. The present experimental observation proves 
that small additions in Si is an important nitridation parameter. Scholz and Greil [4] had 
previously shown that by varying the Mg/Si ratio four reaction mechanisms, similar to those 
observed in the present investigation. Their experiments in static and flowing gas conditions 
proved that the nitridation mechanism is critically dependent on the Oxygen partial pressure. 
Accelerated nitride formation (mechanism 4) was observed when the Oxygen partial pressure 
was very low, such as in static gas conditions. On the contrary, in flowing gas conditions, 
the effective Oxygen partial pressure is higher because of continuous depletion of the Mg 
vapour cloud from above the alloy surface. 

Temperature as a processing variable has been shown to alter the nitridation reaction mech- 
anism from a surface reaction (mechanism 1) to break-away nitridation (mechanism 4, Fig- 
ure 4.7). An increase in process temperature will enhance the nitridation reaction kinetics, 
increase Nitrogen solubility and decrease the melt viscosity. Apparently, since the reaction 
kinetics has an exponential dependence on temperature, above a critical temperature, the 
growth of AIN is much faster and grows as continuous columnar crystals (Figure 4.7d). Fur- 
ther, the continuous directional growth of AIN crystals on the alloy surface (Figure 4.2(c&:d)) 
and limited solubility of of Nitrogen in aluminum suggest that the growth of AIN could take 
place by a Vapour-Liquid-Solid (VLS) mechanism. Such whisker like growths have been 
previously observed and reported in nitridation and carbide formation of Si alloys [16-18]. 

A possible explanation for the bulk nitride formation in Al-Si-Mg alloys is as follows. When 
a high Mg/Si ratio containing alloy is heated above the liquidus temperature, the alloy 
looses Mg to the vapour phase. The effective Oxygen partial pressure reduction at the 
alloy surface during the initial stages, facilitates nucleation and growth of AIN crystals at 
several sites due to vapour phase (gas-liquid) reaction. Moreover, in nitriding a high Mg 
containing alloy, before the solute Mg is completely depleted, sufficient network of AIN/Al 
is formed on the surface. Once the composite network has developed, the outward growth 
of composite (mechanism 3) is sustained by the capillary pressure, long after all the Mg 
has escaped from the alloy. With increase in Si concentration in the alloy, the enhanced 
viscous force decreases the ability of the metal to wick through the surface discontinuities, : 
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thereby leading to only an isolated, diffusion controlled internal nitridation (mechanism 2). 
Alternatively, a decrease in the Mg concentration of the alloy will not allow sufficient time 
for the AIN crystals to form and develop microchannels on the surface, before the Mg is 
depleted resulting in only a surface nitride formation (mechanism 1). On the other hand, 
when a high Mg/Si containing alloy is nitrided at high temperature (>1100‘’O), the rapid 
conversion of A1 to AIN in the presence of an Oxygen getter leads to an extended outward 
growth of AIN crystals (mechanism 4). The wicking of metal through the pore channels 
does not keep pace with outward growth, resulting in a porous structure. Thus, the alloy 
composition, gas purity and temperature are critical to the nitridation process. 


4.4 Preliminary infiltration experiments 

There is a lack of contact angle data for various aluminum alloys on SiC substrate material 
in Nitrogen atmosphere. In the absence of such information, to characterize the infiltration 
behaviour, various alloys were infiltrated through SiC particulate preforms. The selected 
binary alloys were not successful in infiltrating in the temperature range of 900-1 lOO^C'. 
On the other hand, with 2 wt.% addition of Si, Al-2Si-8Mg and Al-2Si-3Li were able to 
infiltrate, but no preform wetting was possible by the Zn containing ternary alloy. Best 
infiltration rates were obtained in the Al-Si-Mg system. It was noted earlier that the A1 to 
AIN conversion improves with increase in Mg/Si ratio. Infiltration with Al-0.5Si-8Mg alloy 
resulted in non-uniform liquid metal penetration, leaving large uninfiltrated cavities within 
the preform. On the contrary, no such anomalies were observed in the case of Al-2Si-8Mg 
alloy infiltrated through SiC preforms. For this reason, Al-2Si-8Mg alloy was selected for 
infiltration experiments. The details of the infiltration studies are provided in the following 
chapter. 
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4.5 Summary 

The microstriictural ciuring nitridation in several binarj^ and Si containing 

complex alloys wrr<‘ studied. Anumg the binary alloys, nitridation was either limited by the 
formation of a {).'us.si\-af iuf, surface nitride layer or confined to external growth of crystals 
with very little bulk nitridation. On the contrary, with small amount of Si addition, the 
nitridation characteristics transforms to a bulk nitridation with outward growth of AIN/Al 
composite network. Similar to Oxidation, the bulk nitridation of aluminum alloys progresses 
through s(‘veral stages. Due to the Oxygen gettering by certain volatile elements, such as Mg, 
Li and Na, and po.ssibly improved Nitrogen solubility by Si solute atoms, accelerated nitride 
growth takes place* on the alloy surface forming AIN/Al composite. After the depletion of 
the Mg solut(‘ atoms, the capillary pressure forces the metal to wick through the micropore 
channels and form globules on the surface. These globules contain interconnected network 
of AIN'/Al and are in contact with the metal reservoir below. As the process continues, the 
globules coalesce* togethtir to form the composite growth front. 

By varying the ratio of Mg/Si solute; content in the alloy and temperature, four different 
nitridation re'aciion m«;chanisms have been identified. They include, (i) passivating surface 
nitridation with nej internal nitride formation, (ii) predominantly surface nitridation with 
diffusion contretlle'd vedume nitridation, (iii) bulk nitridation with extensive outward AIN/Al 
composite (i(>\-elfipment and (iv) hieiak-away nitridation with complete conversion to AIN. 
In all the alloys studied till now*, AIN of the wurtzite crystal structure formed. In contrast, 
AIN of the Sphalerite and NaCl type crystal structure in obtained in the nitridation of a Mg 
and Zn containing alloy. Finally, during preliminary infiltration experiments, Al-2Si-8Mg 
alloy displayed optimal infiltration characteristics. Al-2Si-8Mg alloy selected for infiltration 
studies for its consistency in uniformly infiltrating SiC preforms at sufficiently fast rates. 
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Chapter 5 


Reinforced AIN/Al Composites 

5.1 Introduction 

In the previous chapter of Results and Discussion, AIN/AI composite growth in several 
binary and ternary alloys was examined. Among the various Al-Si-Mg alloys studied, com- 
posite growth was observed to be faster in alloys having a higher Mg/Si ratio. Additionally, 
increased Mg content in the alloy enhances the wettability of liquid onto ceramic preforms 
achieving better infiltration. For infiltration of SiC preforms, Al-2Si-8Mg alloy was preferred 
because of uniform and fast composite formation. Earlier, Aghajanian et al. [1] had infil- 
trated AI2O3, TiBa, AIN and Si3N4 preforms, but no detailed work was reported with SiC 
preforms. Hence in the present work, different SiC filler materials (particulates, platelets 
and fibres) were infiltrated under various processing conditions. The microstructure and me- 
chanical properties of these composites were evaluated and compared with AIN reinforced 
AIN/Al composites, which were infiltrated under similar conditions. 

Further, the high temperature application of AlN/Al composites is limited by the presence 
of residual aluminum which softens at '^600°C. By converting the residual aluminum to 
a high temperature phase, one can extend its application to higher temperatures. In the 1 
later part of the chapter, an attempt to convert the residual aluminum to an intermetallic is 
presented. The microstructural development and mechanical properties of nickel aluminide 
infiltrated composites are studied at different reaction temperatures. 
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5.2 Microstructural development in SiC reinforced 
AIN/Al composite 

Incorporation of a reinforcement phase within the directed melt nitrided composite has sev- 
eral advantages. The composite growth rate improves and enhanced mechanical properties 
are envisaged. Additionally, with the ability to tailor the microstructure, composites with 
a wide range of properties can be produced. Alloying additions play a significant role by 
modifying the wetting characteristics and altering the reaction kinetics. Mg along with Si 
are known to aid infiltration. Apart from alloying additions and filler material, reaction at- 
mosphere and temperature are additional variables to tailor microstructure and properties. 
In the following sections, the influence of filler morphology, size and processing temperature 
are presented and discussed. 

5.2.1 Effect of reinforcement morphology 

Various forms of SiC reinforcements were infiltrated using Al-2Si-8Mg as the base alloy, at 
a temperature of 950°C, over a constant period of 8 hours (Table 5.1). Prom the results 
obtained, it was not possible to isolate the effect of the filler geometry on infiltration rate, 
because of the large differences in filler size. The wettability of SiC substrate material by A1 
is poor (contact angle, 0 — 120°) [2]. In Nitrogen atmosphere with Mg alloying additions, 
substantial decrease in the contact angle value is achieved [3]. Mg additions modify the 
surface tension of the alloy, which in turn improves the wettability. Alternatively, Mg can 
induce spontaneous wetting through promotion of interfacial reaction with the substrate ma- 
terial. In comparison to infiltration in SiC preforms, the infiltration rates in Alb particulate 
preforms were faster by a factor of two. This rapid rise of liquid alloy through relatively fine 
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Figure 5.1: Microstructures of AIN/Al composites with various reinforcements, (a) SiC 
particulates, (b) SiC platelets, (c) AVCO SVS-6 fibres, (d) Nicalon fibres, (e) chopped fibres 
and (f) AIN particulates. 
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pore channels is mainly due to the enhanced wetting of AIN substrate material. Another im- 
portant observation in the case of infiltration through platelet preforms is its non-uniformity. 
This is due to the obstruction of liquid metal path by preferential stacking of platelets on 
their faceted surfaces. 

Table 5.1: MicrostructuraJ constituents and infiltration data of various filler material pro- 
cessed at 950‘’C. 


Filler 

material 

Reinforcement 
size (/im) 

Volume fraction (%) 

Infiltration 
rate (mm/hr) 

Porosity 

AIN/Al 

SiC 

SiC fibre 

10”"25 

<3 

58 

38 

- 

SiC short fibre 

5-10 

<3 

56 

41 

- 

SiC platelet 

20-30 

<5 

52 

43 

0.25 

SiC particulate 

45-71 

0.8 

40 

59 

1.0 

AIN particulate 

3-20 

<1 

48 

5R 

2.1 


^ AIN reinforcement 


More than the filler geometry, the surface chemistry of the filler materials which were pro- 
cured from various sources (see Table 3.2), is expected to significantly affect infiltration 
behaviour. SiC particulates and platelets have a thin silica layer on the surface. The sur- 
face chemistry details of SiC chopped fibres obtained from Millinium Technologies Inc. is 
not known. However, it appears that they are derived by reacting Carbon fibre with ex- 
ternally deposited Si. AVCO SVS-6 monofilaments (142 //m dia) are CVD processed with 
a 6 [jm C/Si gradient layer on the periphery. On the other hand, Nicalon fibres contain a 
monocrystalline silicon-oxy-carbide structure with Oxygen enrichment on the surface. 

The Microstructure of various SiC reinforced AIN/Al composites are illustrated in Figure 5.1. 
For comparison purpose, AIN particulate reinforced composite structure is also included. 
The X-ray analysis reveals the presence of SiC, AIN and A1 in the case of SiC particulate 
reinforced composites (Figure 5.2). The submicron size metal channel through which metal 
wicks is shown in Figure 5.3a. In all the microstructures, a variation in composite structu 
(AIN/Al) and porosity levels are observed. The heterogeneous nucleation of AIN on NicaJon 
SiC fibres is distinctly seen, whereas in other reinforced structures, it is not as obvious. On 
the contrary, in AVCO SiC monofilaments, the surface carbon layer could have reacted with 
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the alloy to form AI4C3, inhibiting the nucleation of AIN on the fibre surface. Although 
AI4C3 formation is not evident in X-ray diffraction patterns obtained from SiC particulate 
composites, TEM investigation revealed the presence of isolated AI4C3 crystals adjacent to 
SiC (Figure 5 . 3 b). The AIN reinforced composite microstructure are finer due to the micron 
size particulates used as filler material. 



TEM micrographs clearly reveal the fine AIN crystallites growing in the aluminum matrix 
(Figure 5 . 3 c). The average size of the AIN crystallites are less than one micron. 
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Figure 5.3: TEM micrographs showing (a) wickmg tnrougn a micruoi 
AIN/Al composite, (b) formation of AI 4 C 3 in SiC particulate reinfo 
(c) fine grained AIN crystals nucleated within the aluminum matrix 

the fine AIN crystals. 
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5.2.2 Effect of particle size 

To study the effect of filler size on composite formation, sintered SiC particulate preforms 
of different size ranges were prepared and infiltrated at 1050°^ for a duration of 6 hours. 
The infiltration data along with characteristics of the various SiC preforms are presented 
in Table 5.2. Firstly, there appears to be a direct correlation between the infiltration rate 
and the minimum pore radius (r). The calculated minimum pore radius represents the 
radius of the largest circle that fits within the closest triangular configuration of mean size 
particulates, assuming optimum distribution (FCC type) of perfectly spherical particles. SiC 
particles of smaller size (32--45 /rm), having a minimum pore radius of 5.2 fim exhibit an 
infiltration rate of 0.9 mm/ hr. In comparison, the larger particulate preform (71-160 nm), 


Table 5.2: SiC preforms of various particulate size ranges infiltrated at lOSO^C. 


Particulate 
size range 
ifxm) 

IQQI 

Surface 

area 

(lO^/m) 

Inter-particle 
distance 
(d) (jLim) 

Min. pore 
radius 
(r) (/xm) 

Infiltration 

rate 

(mm /hr) 

Normalized 
wt. gain 
(g/cm^) 


0.56 

87.1 

42.4 

5.2 


0.69 


0.58 

60.0 

62.9 

7.3 


0.60 

71-160 

0.61 

31.5 

123.5 

13.5 


0.42 


with a minimum pore radius of 13.5 fifn exhibits an infiltration rate of more than 1.5 times 
(1.5 mm/hr). Secondly, th^ is a direct relationship between the nitride formation rate 
(indicated by weight gain) and the mean preform particulate surface area. This is because 
the surface of the filler material offers sites for heterogeneous nucleation of AIN crystal 
(termed as secondary nudeation). Thirdly, due to the larger interparticulate spacing and 
lower conversion to AIN, larger shrinkage cavities are seen within the coarser particulate 
reinforced composites (Figure 5.4). The presence of porosity is expected to adversely affect 
mechanical properties. 

In the coarser SiC particulate preform, infiltration is faster, but nitride formation rate 
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„ t w-45 urn (b) 45-71 71-160 SiC particulate 

Figure 5.4: Microstructure of W “ amouuts of porosity, 

reinforced composites processed at 1050 6 
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slower, resulting in marginally metal-rich composites. On the other hand, the converse is true 
in the case of finer particulate r-<)mposit(!S. Similar observations of particulate dependence of 
infiltration arc rcport(!cl for AIN particulate preforms [4]. These results are also consistent 
with the predictions of th(> mathematical model developed by Hillig [5]. However, experi- 
mental results can differ from theoretical calculations because: (i) there is a wide variation 
in the channel size along with the infiltration path, (ii) variation in packing fraction within 
the preform, (iii) wetting behaviour and (iv) interfacial reactions. Interfacial reactions can 
significantly alter the infiltration behaviour. For example, in fused AI2O3 powder preforms, 
the infiltration behaviour is not consistent with theoretical predictions [3]. Similarly, Mg 
vapour deposited on the particulate surface ahead of the growth front can improve wetting 
behaviour. Additionally, such vapour depositions lead to channelized growth leaving large 
voids within the composite structure. 

5.2.3 Effect of process temperature 

The TGA weight gain plot of an Al-2Si-8Mg alloy infiltrated through the intermediate size 
range is shown in Figure 5.5. The weight gain gradient reveals enhanced nitride formation 
compared to the base alloy nitridation. The relative improvement of AIN formation is due 
to fresh metal constantly appearing on the surface to react with the reaction gas and the 
SiC particle surface serving as secondary nucleation sites. 

The intermediate size range (45-71 nm) SiC particulate preform was infiltrated for Qhrs 
at different temperatures (Table 5.3). From the weight gain data it is observed that AIN 
formation is a strong function of temperature. Aghajanian et al. [3] observed an exponential 
relationship with temperature for the infiltration of Al-lOMg alloy in fused AI2O3 particulate 
preform. Further, the activation energy for infiltration of Al-2Si-8Mg alloy through SiC 
preform was calculated to be 25 kJjmol (Figure 5.6). In contrast, activation energy of 330 
and 460 kJ/mol was measured for infiltration into AIN particulate preforms of two different 
particle size from different sources [4]. Prom the infiltration data provided by Aghajanian 
et al. [3], an activation energy of 91 kJ/mol was calculated for AI2O3 preforms. 
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Figure 5.5: TGA plot for an Al-2Si-8Mg alloy infiltrated through SiC preform. 
Table 5.3: Effect of process temperature on infiltration rate and nitride formation. 


Temperature 

Infiltration 

Normalized wt. 

(»C) 

rate {mm/hr) 

gain [g/crr?) 

950 


+0.16 

1050 

1.2 

+0.60 

1100 

1.3 

+1.08 


The activation energies for infiltration and viscous flow of some systems reported in the 
literature are listed in Table 5.4. It is well established that physical processes such as 
viscous flow of fluids or physical adsorption involve an activation energy of <80 kJ/mol, 
while chemical processes involving rearrangement of atomic bonds require higher energies. 
For instance, Kurilko et al. [7] reported values of 92 and 67 kJ /mol for infiltration of molten 
lead and Indium through titanium preforms, whereas the activation energies for viscous flow 
of Pb and In are 8.4 and 6.7 kJ/mol, respectively. Due to the order of magnitude difference 
in values, it was concluded that the decrease in melt viscosity cannot be rate controlhng. 

FVom the above discussion, an activation energy value of 25 kJ/mol compares to a physical 
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Temperature (°C) 



Figure 5.6: Activation energy measurement of Infiltration through SiC preform. 

phenomenon ratiier than a chemical reaction as infiltration rate controlling. The surface 
tension force is undtirstood to be the driving force for infiltration through pore channels, 
of which, the contact angle is an integral part. The present value probably corresponds to 
the decrease in contact angle, caused by variation in the interfacial energies, rather than 
a decrease in the melt viscosity alone. Conversely, the higher values calculated for AI 2 O 3 
particulate could refer to interfacial reactions, such as spinel formation. The activation 
energy of AIN infiltration was measured for two different particle sizes (3.6 and 5.5 //m) from 
different sources. These infiltration experiments were carried out at very high temperatures 
(>1200‘’C'), where the kinetics for A1 to AIN conversion is very fast, forming a predominantly 
ceramic matrix. For this reason, the measured activation energy could possibly represent 
the rate of AIN formation, which in this case also corresponds to the composite growth. 

5.2.4 Mechanical properties 

The flexural strength and fracture toughness of SiC reinforced AIN/Al composites are shown 
in Table 5.5. Irrespective of the reinforcement type (continuous or discontinuous), SiC rein- 
forced composites exhibit a typical fracture toughness value of 5.5 MPaV^ and an average 
flexural strength of 185 MPa,- There was no significant improvement in properties with SiC 
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I'abh' 5.4: Activation energy for fluid flow in various systems. 


Si 

No. 

System 

Activation energy 
(kJfmol) 

Remarks 

1 

Li<iuid Pb through 

Chi powder [6] 

8.2 

Viscosity driven 

2 

Liquid Pb through 
'Fi powder [7] 

92 

Reaction driven 

3 

Liquid In through 

Ti powder [7] 

67 

Reaction driven 

4 

Vi.scous flow of Pb 

8.4 

— 

5 

Viscous flow of In 

6.7 

- 

6 

Viscous flow of A1 [8] 

8.4 

- 

7 

Liquid AI through 

AIN powder [4] 

330, 460 

1200-1240‘’C 
Reaction driven 

8 

Liquid Al through 
AI2O3 powder [3] 

91 

850-1000‘’C7 

9 

Liejuid Al through 

SiC powder 

25 

950-1100°C 


(Nicalon) fibre reinforcfunent. This is probably due to fibre weakening brought about by long 
exposure at high reaction temperatures. The mechanical properties of SiC/AlN/Al compos 
ites are comparable with AlNp/AlN/Al composites processed at 950 C. The mechanical 
properties of SiC particulate reinforced composites have an inverse relation with reinforce- 
ment size and pron-ssing temperature. On the other hand, the mechanical properties of AIN 
particulate reinforced composites improve with processing temperature. Significantly, the 
porosity values in AIN particulate composites are minimal at all processing temperatures. 


The fractograph of various AIN/Al composites are shown in Figure 5.7. SiC and AIN p 
ulate composites exhibit transgranular failure (while the matrix shows ductile failure) d 
excellent interfacial bonding. In SiC fibre (Nicalon) reinforced composites, little or no p 
out was observed. After a few weeks storage m an, deterioration in mechanical p p 
all SiC reinforced composites sets in. This degradation is brought about by AI 4 C 3 
with moisture in air. On the other hand, A1N,/A1N/A1 composites remained stable even 

after prolonged storage. 
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Table 5.5: Mechanical properties of SiC and AIN reinforced composites. 


(a) Reinforcement effect 

Reinforcement 

Infiltration 

Kic 


cTj, {MPa) 


Temperature ("C) 


Mean 

im 

IIBl 

SiC platelets 

950 

6.2 

5.7 

185 

182 

SiC particulates 

950 

7.0 

5.5 

226 

181 

SiC fibres 

950 

6.2 

5.5 

195 

184 

AIN particulates 

950 

5.2 

5.0 

201 

190 

(b) Particle size effect 

SiC Reinforcement 

Infiltration 

% Porosity 

Kjc 1 

[MPay/m) 

ay {MPa) 

size (fjtm) 

Temp. i°C) 


Max. 

Mean 

Max. 

Mean 

32-45 

1050 

1.5 

4.8 

4.4 


■Hi 

45-71 

1050 

3.2 

3.9 

3.7 



71 - 160 

1050 

5.1 

2.9 

2.8 


wmB 

(c) Temperature efiect 

Reinforcement 

Infiltration 

% Porosity 

Kjc ( 

MPa^/rn) 

Cy {MPa) 


Temp. i°C) 


Max. 

Mean 

Max. 

Mean 

SiC particulates 

950 

0.8 

7.0 

5.5 

226 

181 

(45 - 71 fim) 

1050 

3.2 

4.8 

4.7 

195 

183 


1100 

3.8 

4.1 

4.0 

209 

186 

(d) AlNp reinforced composites 

Reinforcement 

Infiltration 

% Porosity 

Kic ( 

MPa^Jm) 

ay {MPa) 


Temp. ("C') 


Max. 

Mean 

Max. 

Mean 



<1 

5.2 

5.0 

201 

190 



<1 

6.4 

6.2 

265 

252 



<1 

MM 

7.4 

320 

298 


5.2.5 Limitations of SiC reinforced composites 

The major limitations of SiC reinforced composites are the residual metal retained in the ma- 
trix and the formation interfacial AI 4 C 3 . While the latter is discussed and possible solutions 
are suggested later in the chapter, the former limits its high temperature application due to 
softening of aluminum above 500°C. The metal channels are essential from the processing 
viewpoint, to sustain the wicking of metal to the gas— metal interface. The sustained liquid 
percolation through microchannels ensures continued composite growth. While the metal 
within the microstructure cannot be eliminated, its content can be reduced by increased 
conversion of A1 to AIN. This can be achieved by one or a combination of the following: 
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Figure 5.7: Fractographs of (a) SiC particulate reinforced composite showing transgranular 
failure and (b) Nicalon fibre reinforced composite showing no pull-out. 
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(i) by modifying the alloy, such as increasing the Mg/Si ratio or incorporating elements such 
as Li, (ii) decreasing the reinforcement size and (iii) increasing the processing temperature. 
Processing at higher temperatures not only improves the nitridation reaction kinetics, but 
also introduces a larger fraction of porosity within the matrix phase. An additional alterna- 
tive is to convert the aluminum within the composite to a high temperature phase such as 
an intermetallic. One possible way to achieve this is by reacting the residual aluminum with 
intermetallics to form aluminides, which offer better high temperature properties. To explore 
this possibility and analyze the microstructural development in intermetallic preform, Nickel 
aluminide powder was selected for infiltration. 

5.3 Nickel Aluminide reinforced AIN/Al composites 

When aluminides are used as reinforcing materials, the liquid melt not only wets the filler 
spontaneously, but also generates heat due to exothermic interfacial reactions. The governing 
reaction can be generally expressed as 

AyjBx (s) + (s) + Al (q — \ AaBb (s) + AcBd («) + • • • + AIN (*) -1- Al (i) (5-1) 

The final microstructure would consist of intermetallics of various stoichiometric/non- 
stoichiometric compositions [14]. The process thus takes the advantage of both Combustion 
Synthesis and Pressureless Infiltration. The favourable combination of the two techniques 
considerably decreases the processing temperature and introduces phases that exhibit greater 
thermal stability. Since these phases are formed m situ, the composite is expected to have 
good mechanical properties due to clean interfaces. Further improvement is envisaged by 
ductilizing Nickel aluminide with boron addition [15]. 

Preliminary experiments of aluminum infiltration through Ni powder preform was not suc- 
cessful between 7o0-1050°C. The infiltrating metal was obstructed by the reaction product (a 
Nickel aluminide) which completely sealed the pore channels, preventing composite growth. 
For this reason, Nickel aluminide powder was preferred as a preform material, whose average 
composition lies within the NiAL+NiaAla phase field (Figure 5.8). The presence of the two 
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Figure 5.8: Ni-Al phase diagram indicating the composition of aluminide powder and reac- 
tion temperatures (marked ®). 

phases in the particles was confirmed by both optical microscopy (Figure 5.9) and X-ray 
analysis (Figure 5.10a). 

During reactive infiltration, the nickel aluminide powder undergoes phase changes due to 
difl^'usion and/or dissolution controlled reaction taking place at the particle-matrix interface. 
The reactions occurring at the interface ensures spontaneous spreading of the alloy around 
the particles. Hence, infiltration rates in these systems are higher than SiC preforms, by a 
factor of three. Further, the reactions involving intermetallic compounds are exothermic in 
nature, improving the kinetics of in situ reactions at fairly low temperatures at fairly low 


processing temperatures. 
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Figure 5.9: Micrographs showing (a) Nickel aluminide particle morphology and (b) a cross- 
section showing coexistence of Ni 2 Al 3 and NiAla phases within a particle. 
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Figure 5.10: X-ray profiles of fa) the base aluminide powder and composites processed at 
(b) 750°C, (c) SoO^C, fd) 950°C and (e) 1050°C. 
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5.3.1 Microstructured evolution in infiltrated composites 

The X-ray difEraction profiles of the composite infiltrated at various processing temperatures 
are illustrated in Figure 5.10. Prom the diffraction patterns it is evident that depending pn 
the processing temperature, the proportion of various phases formed during infiltration shows 
significant variation. The presence of Ni 2 Al 3 and NiAls intermetallic compounds is evident 
in all the composites. However, the height of the Ni 2 Al 3 peak decreases with increasing 
processing temperature and is present in very small proportions in the lOSO^C infiltrated 
composite. Significant amount of AIN presence is detected even at the lowest processing 
temperature. The presence of A1 is detected in all the composites, but shows a drastic 
increase in volume fraction at 1050"C'. 

Representative micrographs of composites produced at various temperatures are shown in 
Figure 5.11. With increase in processing temperature, a larger fraction of the inter-metallic 
is converted to NiAl 3 , which is consistent with the XRD analysis. The NiAl 3 segregates to 
the particle boundary forming a peripheral rim surrounding Ni 2 Al 3 . The thickness of the 
NiAl 3 rim gradually increases with increase in process temperature. At 950°C', it is observed 
that the NiAl 3 particulates do not have a sharply defined morphology, indicating that a 
dissolution-reprecipitation reaction may be taking place. Further, the NiAl 3 extends from 
the particulates into the matrix. At 1050°C', Ni 2 Al 3 phase disappears from the particulates 
and NiAls solidifies as large, blocky precipitates within the aluminum matrix. The aluminum 
matrix exhibits an eutectic microstructure of A1 and NiAls lamellae with large AIN segre- 
gations. The shape of the particles does not change significantly until 950"^, although the 
size of the particulates shows a gradual increase. 

Various phases formed during reactive infiltration were further confirmed by taking micro- 
hardness measurements (Table 5.6). At 750‘’C', the aluminide is predominantly Ni 2 Al 3 (darker 
phase in Figure 5.11a), surrounded by a thin layer of NiAls (brighter phase). The periph- 
eral NiAls layer becomes thicker with increase in infiltration temperature up to 950°C'. The 
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Figure 5.11: Representative micrographs of composites processed at (a) 750°C, (b) SSO”^,; 
(c) 950°C and (d) 1050‘’C showing variation in intermetallic content and particle size. At 
lower processing temperatures, the structure is predominantly aluminide, whereas at higher 
temperatures, bulk amount of aluminum and segregation of AIN are evident. 
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diflPerence in hardness of these two phases is distinctly seen at lower temperatures. However, 
at higher temperatures, variation in NiAla hardness is suggestive of change in Ni to A1 
ratio. Occasionally, at small pockets of aluminum present in the composite, lower hardness 
(~158 VHN) is recorded. At 1Q50°C, the matrix hardness is moderate (>350 VHN) due to 


Table 5.6; Microhardness data of Nickel aluminide reinforced composites. 


Temperature 

(“C) 

Microhardness (VHN) 

NiaAls 

NiAla 

750 

1095 

730 

850 

1095 

857 

950 

1081 

701 

1050 

i 

788 


formation of eutectic mixture. The phase changes occurring at various temperatures can be 
better understood by considering the reactions taking place above and below the peritectic 
temperature independently. In principle, the desired microstructure can be obtained by 
varying the composition of the powder and process conditions. 

5.3.2 Infiltration below the peritectic temperature 

When the process temperature is below the peritectic temperature, Ni 2 Al 3 and NiAb are 
stable compounds in the powder preform. A diffusion couple is established across the metal- 
intermetallic interface when the infiltrating A1 comes in contact with the powder parti- 
cle. Atomic (Ni & Al) displacements take place within the intermetallic such that, the 
NiAla phase segregates to the periphery. The thickness of this layer depends on the kinetics 
of several reactions listed below. A schematic of the diffusion couple established is presented 
in Figure 5.12. 


Janssen and Rieck [17] have studied the Al-NiaAls diffusion couple up to GIO^C and found 
that the Al atoms migrate through the NiAb product by vacancy diffusion mechanism. The 
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Figure 5.12: (a) Micrograph of a Nickel aluminide particle reacted at 8bO°C showing micro- 
cracking and preferential segregation of NiaAla and NiAls phases, (b) The variation of Ni 
composition profile from the center of the particle into the matrix. 
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reaction of A1 with NiAla at the ( Ni 2 Alz ) j { NiAlz ) interface creates vacancy of A1 sites 
in NiAla- The reaction can be represented by Kroger-Vink notation as: 

{Ni2Ak) + 3 AIai —4 2 {NiAk) + 3 V^'l + 9 (5.2) 

The vacancy diifusion of A1 must be charge compensated by the movement of holes within 
the NiAla crystals. The vacancies are destroyed at the {Al} | ( NiAlz ) interface according 
to the reaction: 

{Ai} + +3/1° — AIai (^- 3 ) 

In this reaction, the solid state diffusion of Al in NiAla is expected to be rate controlling. 

On cooling, in regions within the matrix where the alloy composition is hyper-eutectic, pro- 
eutectic NiAla would precipitate before the eutectic composition solidifies at 640°C' according 
to: 

{Al - Zat.%Ni} — > (NiAh) -h (Al) (5.4) 

On the other hand, the pockets of Al present in the 750‘’C' processed composite can be 
explained as due to pro-eutectic Al precipitation from regions of hypo-eutectic alloy compo- 
sition before eutectic solidification takes place. 

5.3.3 Infiltration above the peritectic temperature 

When infiltration takes place above the peritectic temperature, even before the infiltrating 
metal comes in contact with the aluminide particles, the NiAla phase (~ 50 vol.%) present 
in the aluminide particle is converted to NiaAla and aluminum (rich in Ni) according to the 
reaction: 

{mAh) — ^ {NhAh) + {Al - l5at%Ni} (5.5) 

For this reason, the infiltration kinetics is expected to be faster, as the Ni 2 Al 3 particle 
surface is already wetted by the aluminum alloy. When aluminum from the reservoir comes 
in contact with the preform powder, dissolution of the Ni 2 Al 3 phase takes place to achieve 
local equilibrium within the melt according to the reaction: 

{Ni2Ah) — ^ 2 Ni{Ai} + 3 {AZ} 


(5.6) 
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The kinetics of this reaction will depend on the diffusivity of Ni in molten aluminum. 

At higher processing temperatures, the kinetics of the above reactions (Equation 5.5 & 5.6) 
is faster, leading to partial/complete dissolution of nickel aluminide in aluminum. The 
enhanced diffusivities of Ni in A1 at higher temperatures is evidenced by the presence of 
NiAls precipitates well below the preform in the metal reservoir. Due to this excess loss of 
Ni from the preform domain, a larger volume fraction of A1 is present in the lObO^C processed 
composite (Figure 5. lid). The final microstructure depends on the relative aluminum alloy 
composition in the equilibrium phase diagram. 

Case I: In regions where the alloy composition falls within the peritectic domain, on cool- 
ing, Ni 2 Al 3 precipitates out of the Ni rich liquid until the peritectic temperature is reached. 
At the peritectic temperature, the reverse reaction of Equation 5.5 occurs. But, since all 
peritectic reactions are sluggish (due to diffusion through solid reaction product) and con- 
tinued temperature decrease, the remaining liquid precipitates out pro-eutectic NiAla until 
the eutectic temperature is reached. At 640‘’C' the eutectic mixture solidifies according to 
Equation 5.4. 

Case II: When the composites of the alloy fall within the hyper-eutectic domain, but not 
within the peritectic composition, NiAla precipitation takes place followed by eutectic solid- 
ification (Equation 5.4). 

Case III: In locations where the alloy composition falls within the hypo-eutectic domain, 
pro-eutectic A1 precipitates occurs followed by eutectic solidification. A preliminary calcu- 
lation reveals that if complete dissolution of the aluminide phases is assumed the amounts 
of Ni in the alloy does not exceed 15 at.%. Further, the X-ray analysis and micrographs 
of composites processed at 1050‘’C' do not reveal the presence of any N^Ala. Thus Case I 
as a possible mechanism can be eliminated. Similarly, since no pro-eutectic A1 can be de- 
tected Case II can also be ruled out. In which case, the NiAla phase present in the 950 and 
1050°C processed composites is due to mechanisms discussed in Case III being operational. 
Pro-eutectic NiAla precipitates as isolated particles and preferentially on undissolved NiAla 
particles forming a NiAla rim. The remaining matrix has the eutectic microstructure. 
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5.3.4 In situ AIN formation 

The XRD and micro-hardness data reveal a relatively higher proportion of AIN formation 
in the matrix. The reaction with absorbed Nitrogen takes place according to the reaction: 

{Al} -b N{m} — > {AIN) (5.7) 

In SiC reinforced composites, significant amount of AIN formation in the matrix is detected 
only above 1000°C [18]. Contrarily, in the aluminide reinforced composites, greater con- 
version of Al to AIN is observed even at 750°C. This large amount of AIN formation can 
be attributed to the enhanced kinetics due to exothermic heat released by some of the in- 
termetalhc reactions. Previously, Ni as an alloying addition was known to refine the oxide 
structure in DIMOX composite [19]. In the present case, the dissolved Ni may have a cat- 
alytic infiuence on AIN formation. 


5.3.5 Mechanical properties 


The Flexural strength and toughness data of the composites processed at various processing 
temperature are shown in Figure 5.13. Aluminide reinforced AIN/Al composites exhibit 
a decreasing trend with increasing processing temperature. The porosity levels in all the 




Figure 5.13: (a) Flexural strength and (b) Fracture toughness of Nickel aluminide reinforced 
AIN /Al composites processed at various temperatures. 


I 


composites were less than 1 vol.%. Best properties of 255 MPa and 10.35 MPas/m are 
reported for the composites processed at the lowest temperature. The property values are 
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comparable to SiC or AI2O3 reinforced AIN/Al composites infiltrated at 1000°6' [10]. On 
the other hand, Nickel aluminide powder sintered at 900‘’C' for 4 hours exhibited a flexural 
strength of 135 MFa and a fracture toughness value of 3.2 MPa^/m. The sintered samples 
had a porosity value of 6 vol.%. The fractographs of intermetallic reinforced composites 
are shown in Figure 5.14. Nickel aluminide infiltrated at 850°C clearly indicate that the 
intermetallic particles exhibit excellent interfacial bonding at lower processing temperatures. 
In case of 1050°(7 processed composite, the intermetallic particles are coarser and show brittle 
cleavage fracture features. The unreacted residual aluminum exhibits ductile chisel-edge type 
failure. 

The variation in the mechanical properties of infiltrated composite is attributed to the volume 
fraction and microstructural distribution of Ni2Al3, NiAl3, AIN and Al. The fine dispersion 
of AIN within the NiAl3/Al eutectic microstructure is expected to be the reason for the 
improved mechanical properties at lower temperatures. With increase in processing tem- 
perature, the volume fraction of the harder Ni2Al3 phase decreases and a larger fraction of 
pro-eutectic NiAls forms. Further, although the kinetics of AIN formation improves with 
temperature increase, on cooling from above 950°^, the AIN formed appear as isolated ag- 
glomerates along eutectic grain boundaries. This and the migration of Ni from the preform 
to the reservoir accounts for the decrease in flexural strength and toughness of composites 
processed at 1050°C'. 

From the correlation between the microstructure and mechanical properties, it is believed 
that a finer distribution of AIN in the matrix and incorporation of a larger volume fraction 
of Ni2Al3 in the final microstructure would lead to improvement in mechanical properties. 
To this end, processing at lower temperature and/or having a larger fraction of Ni in the 
starting powder are recommended. Ideally, it would be possible to entirely eliminate the 
low temperature phase (aluminum), by judicious choice of intermetallic composition and 
processing parameters. 
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Figure 5.14; Fractographs of intermetallic composite processed at (a) 850°C' showing good 
interfacial bonding and, 1050°C showing (b) brittle cleavage failure and (c) plastic deforma- 
tion of metallic phase 
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5.4 Interfacial reaction and its prevention 


Reactions forming brittle carbide or intermetallics at the matrix-reinforcement interface 
generally have a detrimental effect on mechanical properties of MMCs. In particulate and 
monofilament composites, brittle and moisture sensitive AI4C3 is formed according to the 
reaction: 

SSiC + 4 Al —4 ^14^3 + 3 Si (5.8) 

The reaction and growth kinetics of AI4C3 in SiC/Al composites were reported and discussed 
by several researches [20,21]. AI4C3 is soluble in water and decreases corrosion resistance 
of the composite. Further, the presence of AI4C3 as an interface product hmits the me- 
chanical properties of the composite. X-ray diffraction patterns obtained from particulate 
and platelet infiltrated composites did not reveal any AI4C3 formation. However, TEM mi- 
crographs clearly identify the presence of AI4C3 at the SiC particulate-aluminum interface 
(Figure 5.3b). The SiC particulate reinforced composites deteriorated into powder after pro- 
longed exposure to moisture. On the other hand, no such degeneration was observed in AIN 
particulate composites, although they were processed under similar conditions. 

Since the formation of AI4C3 has been a major limitation for SiC reinforced aluminum 
matrix composites, some options to limit/inhibit carbide formation is discussed. Usually 
an increase in Si concentration in the alloy suppresses AI4C3 formation [22]. But further 
lowering of Mg/Si ratio is not desirable from the viewpoint of composite growth, as they 
decrease the conversion ratio of A1 to AIN. The other alternative is to preoxidize the SiC 
particles (sintering in air) to form a Si02 barrier layer on the surface to prevent or delay the 
reaction between SiC and Al. With extended times the silica rich layer is reduced by the 
molten metal according to the reaction: 

35 z 02 + 4 Al — > 2AI2OZ + SSi (5-9) 

The reduced Si is transported by the liquid melt and precipitated elsewhere [23,24]. Most of 
the metallic (Ni, Cu, Ti) or intermetallic (NisAl, ZrBa, TiBs) coatings that were attempted 
in various MMCs have met with limited success [25]. Oxide layers, such as AI2O3 and Zr02 
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can be effective barriers, but infiltration is a problem due to poor wettability. One feasible 
solution is to coat SiC with a nitride, whidi is both stable in aluminum and easily wetted by 
the alloy. Prior to infiltration, AIN or Si 3 N 4 coatings can be deposited on the filler material 
by CVD or sol-gel process. In case of CVD, gas mixtures such as (AICI 3 . 3 NH 3 + H 2 , SiHi 
+ N 2 H 2 +H 2 ) or {SiN 4 -b NH 3 ) can be used [26,27]. Alternatively, to deposit a nitride layer 
via sol-gel, a thin film of AI 2 O 3 is first deposited and then nitrided at 900-1200"C to obtain 
AIN [28]. 


5.5 Summary 

The infiltration of various SiC preforms by Al-2Si-8Mg alloy at 950°C has been successfully 
demonstrated. The secondary nucleation of AIN crystals on SiC fibre is attributed to fibre 
chemistry. No such nucleation is found on AVCO SVS -6 monofilaments, due to the C-rich 
surface layer. The infiltration rate in SiC particulate preform increase with particle size and 
process temperature. An activation energy of 25 kJ/mol was obtained for the infiltration 
of aluminum through SiC preform. The low activation energy corresponds to a physical 
phenomenon, such as modification of interfacial energy leading to a decrease in contact 
angle. 

Maximum flexural strength and fracture toughness values of 250 MPa and 7.0 MPa^/m 
are observed for SiC particulate reinforced AIN/Al composites. The decrease in proper- 
ties recorded with the increase in processing temperature and SiC particle size is primarily 
attributed to the increased porosity levels within the matrix. The lack of property improve- 
ment of fibre reinforced composites over particulate and platelet reinforced composites is 
attributed to weakening of fibres, due to long exposure at high reaction temperatures. Over 
a period of time, the SiCp/AlN/Al composites exhibited deterioration in properties due to 
AI 4 C 3 reaction with moisture. AI 4 C 3 formation can be prevented by prior coating of the 
SiC particulates with AIN on Si 3 N 4 . The use of directed melt nitrided composites for high 
temperature application is limited by the residual aluminum within the matrix. To convert 
the aluminum into a high temperature phase, such as an intermetallic, infiltration through 
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Nickel aluminide powder was examined. 

Reaction infiltration of Nickel aluminide powder preform with an Al-2Si-8Mg alloy yielded 
near dense composites with NijAla, NiAla, AIN and residual Al as the microstructural con- 
stituents at very low processing temperatures. The microstructural evolution at different 
processing temperatures is better understood in relation to the peritectic reaction. Below 
the peritectic temperatme, NiAla and Ni 2 Ala are stable phases, but diffusion of Al into the 
aluminide particles modifies the internal structure and composition. At temperatures above 
the peritectic, large NiAla precipitates form due to dissolution and reprecipitation processes. 
The enhanced formation of AIN at low processing temperatures is attributed to the local 
exothermic effect and/or catalytic influence of Ni. The mechanical properties (both flexural 
strength and fracture toughness) of aluminide reinforced composites increase with decreasing 
process temperature. A maximum flexural strength and toughness values of 225 MPa and 
10.35 MPa^/m, respectively, were measured in composites processed at 750°C. In principle, 
it is possible to entirely eliminate aluminum (low temperature phase) from the matrix by 
judicious choice of intermetallic composition and processing temperature. 
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Chapter 6 


Mathematical Modelling of 
Infiltration 


6.1 Introduction 


Liquid percolation through porous media, such as the movement of water in soils, has been 
the subject matter of considerable interest to Geologists and Civil Engineers. In recent 
years, metal matrix composites have been successfully produced by infiltrating molten metal 
through porous ceramic preforms [1,2]. When the infiltrated metal solidifies, the resulting 
composite has the dual advantage of high reinforcement content and net-shape fabrication. 


The prime obstacle to infiltration is the non- 
wetting nature of molten metals on ceramic 
substrates. The contact angle ‘0’ serves as 
a good measure of wettability, which is ex- 
pressed by the Young’s equation as [3]: 

cosO = - 7„ (6.1) 



Figure 6.1: Schematic representation of liquid- 
solid- vapour interface depicting a non-wetting 
condition. 


where 7,^, 7^^ and 7,^ represent the liquid-vapour, solid-vapour and solid-liquid interfacial 
energies, respectively. The contact angle is usually measured by the Sessile drop technique, 
where measurements are made on a liquid droplet placed on the ceramic substrate after 
equilibrium has reached (Figure 6.1). When 9 > 90° (0 > cosd > -1), the liquid droplet 
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on the ceramic substrate shrinks and the condition is termed non-wetting. Under these con- 
ditions, metal penetration through preform pore channels is possible only when an external 
pressure is applied. On the contrary, when d < 90° (0 < cos^ < 1), spontaneous ‘wetting’ 
of the ceramic substrate occurs. The value of the contact angle is determined by the choice 
of alloy, substrate material, atmosphere and temperature. Further, the criteria for wetting 
are: (i) > 7,, and/or (ii) some reaction takes place at the interface resulting in spon- 

taneous spreading of the alloy. If either condition is satisfied, pressureless infiltration of a 
porous preform can occur. In this chapter, the mathematical modelling of the pressureless 
infiltration phenomenon is presented. 

The initiative to mathematically model the infiltration phenomenon is derived from the ne- 
cessity to qualify the various variables affecting the infiltration process and to quantify their 
influences. Such an effort will help in optimizing the process and bring down the num- 
ber of sampling experiments usually undertaken. For instance, the preform alone can be 
characterized based on its surface chemistry, packing fraction, pore size and pore shape. 
Additional processing variables include, the alloy composition, reaction atmosphere, pro- 
cess temperature and time. An optimization of the process would necessitate a quantitative 
understanding of the inter-relationship between the process variables and the physical prop- 
erties, such as the contact angle, density, viscosity, permeability and surface tension. The 
ideal model would relate the process fundamentals to the external processing variables and 
realistically predict the composite growth. Due to the large number of variables involved and 
the lack of data, the objective of the present work is confined to understanding the physical 
phenomenon and developing a realistic model based on the porous-bed approach. 

6.2 Previous work on porous preform infiltration 

Infiltration of porous ceramic preforms can be classified depending on whether or not an ex- 
ternal pressure is applied to force the molten metal into the pore channels. In principle, it is 
possible to infiltrate both wetting and non-wetting alloys under an appropriate externally ap- 
plied pressure. But to reduce porosity and improve interfacial bonding, which would in turn 
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enhance load bearing capability of the composite, a favourable contact angle in preferred [4j. 
Several investigations were carried out to study the effect of processing parameters such 
as pressure, temperature and alloy composition on the infiltration kinetics [5,6]. Maxwell 
et al. [7] have mathematically modelled the pressure infiltration of aluminum into SiC partic- 
ulate compacts based on the capillary model, which is described later in the text. Contrary 
to pressure infiltration, where the applied pressure has to overcome the surface tension force, 
in pressureless infiltration, due to the favourable contact angle the surface tension becomes 
the driving force. Two approaches are possible for the modelling of pressureless infil tration 
phenomenon, namely the capillary-tube-bundle model and the porous-bed model. Until now, 
no mathematical model has been developed based entirely on the porous-bed phenomenon. 
In the following sections, the models available in literature are discussed and their relative 
merits critically examined. 


6.2.1 Capillary-tube-bundle model 


The capillary tube bundle model is popular due to its simplicity and ability to predict fluid 
flow after certain modifications. The model equates the porous media with its intricate and 
random network of pores to a representative bundle of parallelly arranged capillary tubes. 
The equivalent pore radius and height of the representative capillary have to be calculated 
for the respective preform. 


Flow through a porous media was first modelled as a liquid rise in a capillary by Washburn 
in 1921 [8]. Poiseuille’s law [9] for flow through a cyhndrical conduit expresses the volume 
rate of flow through a height h as: 

^ ( 6 . 2 ) 

dt 8/i/i 

where r is the capillary radius, fx is the viscosity and dp is the pressure difference driving 
the liquid through the capillary. The pressure difference experienced at the curved liquid 
meniscus can be expressed according to Kevins law as [10]: 


dp 


27, V cos^ 


r 


( 6 . 3 ) 
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For a narrow cylindrical capillary bore, dV = irr^dh. Equation 6.2 can be rewritten as: 


dh _ r7,„ cos 9 
dt Afih 


(6.4) 


On integrating with respect to time and applying the limit, at time t = 0, h = 0, the 
infiltration height is expressed as: 


h = 


cos 9^ 

2n . 


(6.5) 


Washburn used water and mercury to experimentally validate the above expression, by 
predicting the liquid rise in capillary tubes of various bore diameters as a function of time. 


Britten [11] was the first to develop the equa- 
tion of motion for the advancement of the 
liquid front in a capillary tube. He iden- 
tified the forces acting on the liquid column 
as the surface tension force, the gravitational 
force, Poiseuille’s viscous drag force and the 
end drag force (Figure 6.2). These forces 
balance the liquid column and are expressed 
as follows: 



Figure 6.2: Schematic representation of forces 
acting on a liquid column. 


Ey = 27rr7,^ cos 9 (6.6) 

Fg = —'KT^pgh (6.7) 

( 6 . 8 ) 

F. = -i-Vf (6.9) 


The ensuing momentum balance is a second order non-linear differential equation, which 


may be represented as: 

^d?h b f dh\^ , u D 

where A = and B = . Ligenza and Bernstien [12] arrived at a similar expression, 

but with additional terms accounting for the column of air displaced by the moving liquid 




6.2 Previous work on porous preform infiltration 


147 


front. In assuming a narrow capillary bore and therefore low flow rates, the rate of change of 
momentum and the end-drag effect terms were neglected. The solution of the resulting flrst 
order differential equation approximates to the familiar Washburn equation (Equation 6.5). 


Semlak and Rhines [13] extended the treatment to infiltration of molten metals, such as Cu, 
Ag and Pb into porous compacts of Cu and Fe. They approximated the pore channels to 
a chain of semi-circular paths, which increased the effective capillary length by a factor of 
Assuming the characteristic pore radius (Rc) to be one-fourth the inter-particle distance 
resulted in good predictions. The modified expression is: 


h = 


2 r / Pc7i,cos^ \ 1 " 
TT [V 2p ) \ 


( 6 . 11 ) 


Difficulties arose when attempts were made to use the above expression for metal i nfi ltration 
through ceramic preforms. Hillig [14] accounted the over-estimate in infiltration height to 
the variation in the pore diameter along the pore channel. A simple assumption of the pore 
channel being made-up of narrow cusps of radius Vi’ and length ‘Zi ’ linking larger chambers of 
radius ‘r 2 ’ and length ‘Z 2 ’, introduced a correction factor (Zcor) to the Washburn’s equation, 
such that, 

Roll, cos 9 \ ^ 

^I^Zcor j 


( 6 . 12 ) 



where Zcor is expressed as: 


Zcor — 




21 


In the above expression. Pi and P 2 are the volume fraction of the narrow and larger voids. 
Toy et al. [15] found good agreement with this model in their experiments of AIN preform 
infiltration with aluminum in Nitrogen atmosphere. 


Further discrepancy in the model was detected by Muscat and Drew [16] while attempting 
to model the infiltration kinetics of aluminum into TiC. They accounted the variation as 
due to: (i) the complexity in the pore structure and (ii) the transient behaviour of the 
contact angle, 'd\ The latter is due to reactions taking place at the metal-ceramic interface. 
.\n experimentally measurable parameter, tortuosity (T) was introduced to account for the 
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complexity in the pore structure. Additionally, the contact angle was expressed as a time 
dependent function. The modified expression for infiltration height is given as: 

1\ r^^cosOoil - ae-^") 


h 


if) 




(6.13) 


where 6o is the equilibrium contact angle, and a, c and n are constants to be determined 
experimentally. 


Martin et al. [17] rewrote Brittiu’s equation of motion (Equation 6.10) in dimensionless 
form and were able to delineate the ^iscous and invisid flow conditions. They identified an 
infiltration parameter. 


$ 


(6.14) 


_ r7,.co5e 

2ii 

which is also the constant term in Washburn’s equation (Equation 6.5). The infiltration 
parameter was useful in comparing infiltration kinetics in different metal-ceramic systems. 


On the other hand, their prediction of infiltration rate of aluminum into a 10 (xm SiC bore 
was much faster than in realit}*. No reason was provided for the overestimate. 


Finally, it is noted that in predicting the liquid rise in a porous preform, the basic form of 
the Washburn equation for flow in a capillary tube is maintained. The corrections made 
by various authors at different stages were to account for: (i) the variation in the pore 
characteristics and (ii) the transient nature of the wetting phenomenon. It is mathematically 
impossible to describe the pore structure within the preform due to its inherent complexity 
and randomness. Additionally, the transient nature of the wetting phenomenon is further 
compounded by the moving growth front. A phenomenologically better approach is to model 
the metal rise in the preform as a flow through porous-bed. 


6.2.2 Porous-bed model 

The porous-bed model is based on the empirical relationship developed by Darcy for defining 
liquid flow through various sands [18]. The percolation rate (u) is related to the pressure 
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gradient according to the relation: 


V = 


k f dp\ 

p \ I J 


( 6 . 15 ) 


where k is the permeability, a single parameter which embodies all the physical characteristics 
of the pore structure. The advantage of Darcy’s law is its amenability to independently 
characterize the preform at room temperature with a liquid of known viscosity. 


In principle, permeability represents the resistance of the non-uniform pore structure to fluid 
flow. There is no general correlation between permeability and porosity, although several 
have been suggested. A useful relationship was derived by Scheiddegger [19] by considering 
the porous-bed as a bundle of paredlel capillaries. The permeability is then expressed as: 

^ = ^7^ (6-16) 


where S is the surface area and T is the tortuosity, which is defined as the ratio of the true 
path of fluid flow and the straight line path between two points. Muscat and Drew [16] had 
earlier used this expression for permeability in Darcy’s equation to derive Equation 6.13. 
The details of the porous-bed model developed in the present work is provided later in the 
text. 


6.3 The present work 

6.3.1 Process description 

The detailed description of the infiltration phenomenon through porous preform is given in 
chapter 5. The intermediate stages of composite growth are shown in Figure 6.3. When 
the crucible containing the preform material and the alloy is heated above the liquidus 
temperature, the metal experiences a volume expansion of ~10 vol.%. This expansion forces 
the alloy to wet the filler material placed above. Once the preform surface is wetted, the 
alloy begins to rise through the pore channels due to capillarity. A dynamic equilibrium is 
maintained between the surface tension force and the preform resistance. The process of 
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Figure 6.3: Schematic representation of stages of composite growth. 

metal infiltration continues until either: (i) all the pores in the SiC preform are filled by 
the infiltrating metal or (ii) all the alloy in the reservoir has infiltrated into the preform. 
The displacement of molten metal from the reservoir to the preform appears as a growing 
cavity within the reservoir. The cavity could have nucleated from any blow hole within the 
cast alloy. Since Mg and Al are volatile species at the reaction temperature (^lOOO®^), 
equilibrium is quickly established at the gas-metal interface. 

Thus, the preform infiltration is phenomenologically a porous-bed situation than a liquid rise 
through a bundle of parallel-arranged capillary tubes. To derive a mathematical model based 
on the porous-bed phenomenon, it is necessary to have a means to describe the fluid flow 
field within the porous media. The development and analysis of such a model is described 
in the following sections. 

6.3.2 Assumptions in modelling 

From a description of the process, it is obvious that metal infiltration through porous ceramic 
preform is a complex phenomenon. The Mg loss form the surface, AIN formation within the 
matrix and wettability, compounded with the lack of high-temperature data, make it an 
impossible task to simulate the process exactly form first principles. Therefore, to describe 
the process via a suitable mathematical model, the following simplifying assumptions were 
made. 

1. Owing to axial symmetry, no variation in flow properties in the 0-direction has been 


assumed. 
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2 . The transient infiltration phenomenon with the liquid growth front moving in the axial 
direction is approximated to a mobile planar surface. 

3 . The fiuid fiow is essentially laminar, incompressible and Newtonian. 

4 . The system is assumed to be isothermal. The effects of the furnace heat-up period, 
the exothermic heat generated due to chemical reaction and related buoyancy effects 
are negligible. 

5. Thermo-mechanical properties of the fluid, such as p, fi and 7 ,^ are taken to be constant. 

6 . At time i = 0, the preform is wet by the alloy and the liquid-solid contact angle 0, is 
assumed to remain a constant. 

7. The surface tension force is the driving force for infiltration, which overcomes the 
resistance due to preform and gravity. 


6.3.3 Mathematical Formulation 


Due to the cylindrical geometry of 
the crucible, the flow variables are 
expected to obey axial symmetry 
(Figure 6.4). Hence, the governing 
differential equations are set in 2 - 
dimensional cylindrical polar coor- 
dinate as below; 



T 

E 

E 

z = h(t)oo 

t 

E 

E 

00 

z = 0 ^ 
R 


Equation of continuity: Figure 6.4; Schematic showing crucible configuration 

„ , a and co-ordinate axis. 

+ (6.17) 

dz r dr 


Equation of motion in the axial direction: 


|(/m) + ^ipuu) + l^irpuv) 


dz dz 




du^ 


+ 


1 d 


rp- 


du 


dr V 


-t- Su 


(6 18) 
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Equation of motion in the radial direction: 


dt 


.. d . .19, .. dp d f dv\ 

(pv) + -(puv) + -^(rp^v) = + + 


1 d 


dv' 


V 


rdr \^dr 


-2yu- + 5„ (6.19) 


where 5„ and are the source terms that embody body forces such as, the surface tension 
force, preform resistance, etc. Su and S„ are zero within the metal reservoir, while at 
the liquid-gas interface and within the preform and Sy assume finite non-zero values. 
Appropriate expressions for Su and S.u are provided in Table 6.2. 


An anisotropic permeability for the porous-media can be calculated according to Carman- 
Kozeny equation which states that [20]: 


k = 


Diil-ef 


( 6 . 20 ) 


where Di depends on the morphology of the porous media. Although the exact value of Di 
is still a matter of debate, Minakawa et al. [21] have experimentally estimated that, 


Di = 


(P 


( 6 . 21 ) 


where d is a constant of the order of 10 The present work is unique in its attempt to 
model the fluid flow in the preform along with the alloy in the reservoir below. 


Initial and Boundary conditions 

The initial and boundary conditions used to solve the above second order non-linear partial 
differential equation are given below: 

At time t = 0; 

0 < r < J?; 0 < z < /i(t = 0); u = 0; u = 0 (6.22) 

At time t > 0; 

r = 0; 0 < z < h(t); I" “ ^ ® 


r = R; 0 < z < Ht) and z = 0; 0 < r < Ji; u = 0; u = 0 


(6.24) 
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z = h{t)\ 0 < r < i2; — = 0; — = 0 (6.25) 

Initially {t = 0), the fluid is at rest within the computational domain (Figure 6.4). At 
t > 0, due to axial symmetry, the radial gradient of axial velocity and radial velocity are 
zero. Along the walls of the crucible a no-slip condition is prescribed. At the growth front 
{z = h{t)), the axial gradient of axial and radial velocity components are zero. 

Numerical solution procedure 

An actual laboratory scale experimental configuration has been used for the purpose of 
mathematical modelling (See Figure 6.4). As pointed out earlier, the differential equations 
together with the boundary conditions applied indicate that this is an unsteady state moving 
boundary problem. The governing flow equations for the above system configuration has been 
solved via a control volume based finite difference procedure, using the SIMPLE algorithm of 
Patankar and Spalding [22]. The flow vectors are computed using a fully implicit marching 
integration procedure. 

Discretization equation: The discretization equation for a variable (j){u,v,p) at any grid 
point P is represented in terms of its neighbours (F, W, N and S) as: 

Ap(j>p = AB(j)p -f Aw<f>w + Ajif(j)}^ + As4>s + A°p4>°p -f S (6.26) 

where A’s represent the coeflficient containing both the convection and diffusion terms of 
(f) and S is the source term. 4>p is related to the previous time step through a weighing 
function, Ap. The linear discretization equations for all control volumes are solved using a 
line-by-line solution scheme incorporating the Tri-Diagonal Matrix Algorithm (TDMA). 

Grid system: Keeping in mind the axi-symmetric cylindrical coordinate system, ini- 
tially a variable {NI x NJ) grid is laid in the metal reservoir as shown in Fig- 
ure 6.5. The moving boundary is accounted for by laying a fresh grid at the be- 
ginning of every time step. While there is no change in the number of grids in the 
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Figure 6.5: A representative 17 X 12 grid system showing relative positions of control volumes 
for pressure (hatched), u velocity (shaded dark) and v velocity (shaded light). 


radial direction {NJ = 12, Ar = 0 for 
t > 0), additional grids are introduced in 
the axial direction, to include the preform 
domain infiltrated by the molten metal. At 
time t = 0, NI = 17. For the succeeding 
time steps, NJ > 17, with care being taken 
such that the grid spacings in the axial di- 
rection is not significantly altered. 

^ ^ , . 1 j f Figure 6.6: A representative control volume 

Control volume: An enlarged portion of . w , ■ ^ • ,, 

shown m relationship to its neighbours. 

the 2-dimensional grid at time t = 0, is 
shown in Figure 6.6. For the gird point P, 

points E, W, N and S are the neighbours. The control volume represented by the point P is 
shown by dashed lines. The faces of the control volume lie mid-way between neighbouring 
grid points. The control volume has dimensions of AX and AY in the axial and radial 
direction, respectively. Due to the axial symmetry, the extent of the control volume along d 
is one radian. To prevent situations where a wavy pressure field may be felt like a uniform 
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pressure field by the momentum equation, a staggered grid is employed for velocity calcula- 
tions. This is accomplished by shifting the u and v velocity control volumes by half a grid 
in the axial and radial direction, respectively, as shown in Figure 6.5. 

For the control volume lying within the the preform domain, the liquid can only occupy 
the space within the pores. To account for the void fraction in the macroscopic model, 
the coefficients in the discretization equation {Ae, Aw, An and As) were calculated in the 
normal way and then modified by multiplying by the void fraction (e). In case of the velocity 
control volumes lying at the preform-metal interface, care was taken to modify only those 
faces and volume fraction that lie within the preform (Figure 6.5). To maintain internal 
consistency, it was essential that the adjacent control volume faces were modified the same 
way. 


Time step factor: From the results of the capillary bundle model, the composite growth 
profile exhibits a parabolic behaviour [14]. To capture the rapid changes in axial velocity 
during the initial stages of growth, time is incremented in accordance to a geometric series, 
such as: 

t„ = or" (6.27) 

where a is a constant and n is a positive integer, referring to the time step. In the present 
computation, a = 10 and r = 3, unless mentioned otherwise. 

Surface tension force: The surface tension force embodied in the axial momentum equa- 
tion, is actually not a body force. It is a function of the contact angle and acts along 
the liquid-solid-gas interface. The value of 7,^ {N/m) at lOOG^C is 'calculated from the 
expression given by Rhee [23]; 

7,^ = 0.948 - 0.202 X 10~^(T) (6.28) 


Since the present model is macroscopic and control volume based, the surface tension force 
was calculated for per unit cross-sectional area of the preform and incorporated as a body 
force in the surface control volumes as; 


sz 


37r(l — e) 


act 


COS0 


2d 


(6.29) 
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where d is the diameter of the particle. This calculation is shown in Appendix A. 

The surface tension force is a very large value compared to the other terms in the discretiza- 
tion equation. To prevent the computation from diverging, an under-relaxation for surface 
tension(iS'r) is employed such as: 

ST = aSToid + (1 - oc)STact (6.30) 

where a = 0.95 and STaa is the actual value of Surface tension. At the end of every iteration, 
SToid is augmented to the current value of ST. In employing the above under-relaxation 
function, initially the value of ST increases rapidly and gradually approaches STact- To 
simulate the condition of preform wetting in the iuitial time step, one control volume depth 
of the preform is treated as immersed in the liquid. Thus, the surface tension force is 
countered by the preform resistance to flow. 

Outflow boundary condition: In the absence of a meaningful boundary condition for the 
axial velocity at the surface {z = h{t)), the overflow boundary condition is resorted to [24]. 
The boundary condition at the moving growth front is implemented by setting the diffusion 
CO efficient (Fb) on the east wall of the boundary control volume as small (zero). This implies 
that the down-stream value (east of point P), has no influence on the calculation of u at 
P. Such an assumption is valid if the Peclet’s number (= pu5x/T) is large, reflective of a 
one-way flow behaviour. 

Convergence criterion: In the present numerical approach, the values of u, v and p 
at individual grid points are successively updated in each iteration. In such a numerical 
technique, convergence is supposed to have attained when the independent variables at 
individual grid points do not change with any further iteration. A more rigorous convergence 
criterion would be to minimize the sum of the absolute value of residual (fi) in each control 
volume, which is expressed as: 

iTi = Ae4>e + Aw4>w + + As(j)s ~ Apcjip -f Su (6.31) 

The mean mass of a control volume is ~ 5 x IQ-^kg. In the present computation, a conver- 
gence criterion of < I0~^^kg for the residual mass is employed. 
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Table 6.1: Compilation of Data used in the present model. 


Sr. No. 

Property 

Value 

1 

Density (p) 

2700 kg/m^ 

2 

Surface tension (j,^) 

0.691 N/m 

3 

Viscosity (/i) 

1.379x10-3 P 

4 

Contact angle (&) 

80° 

5 

Porosity (e) 

0.5 

6 

Particle diameter (d) 

50 fim 

7 

Permiability (k) 

7X10-1W 


6.4 Results and Discussion 

The models developed to simulate infiltration behaviour accounts for the fluid flow within the 
metal reservoir and the preform domain. Based on the way the two domains are treated and 
linked, three different modelling approaches were considered and examined for their relative 
merits. Finally, the selected model is assessed in terms of its ability to give physically 
realistic results and compared with data obtained from controlled laboratory experiments. 
The constants used in the present work are listed in Table 6.1. 

MODEL 1. Enhanced viscosity model: It is a common practice to set a high pseudo- 
viscosity value for domains representing solids or two phase flow in hydro-dynamic models. 
In keeping with this principle, flow through a stationary porous preform is represented as 
a highly viscous flow. The Navier-Stoke’s equation for fluid flow (Equations 6.17-6.19), 
along with the appropriate boundary conditions (Equations 6.22-6.25) are solved within the 
computational domain. For the grid points lying vithin the preform, /i is set to a large 
value ( r\j 12 P), so as to match experimental flow rates. The advantage of this model is its 
simplicity. 

MODEL 2. Superimposed porous-media model: In this model, the Navier-Stoke’s 
equation (Equations 6.17-6.19) is solved within the computational domain, treating the 
entire computational space to be molten metal (preform is absent). The preform condition 
is superimposed through the Darcy’s equation at the end of each iteration. The grid point 
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velocities in the axial and radial direction within the preform are accordingly amended as: 

k /AP \ , .. 


II \Ax 


- P9^ 


k [AP 


(6.32) 

(6.33) 


The calculated flow velocities within the preform domain are linked to the Navier-Stoke’s 
equation through the pressure term. The advantage of this model over enhanced viscosity 
model is in its proximity to reality by way of incorporation of Darcy’s equation. 

MODEL 3. Modified momentum equation model: In this model, the momentum 
equation of the Navier-Stoke’s equation (Equations 6.18-6.19) are modified to incorporate 
a resistance term due to the viscous drag experienced by the liquid flowing through narrow 
pore channels. This preform resistance term is incorporated in the preform domain of the 
axial and radial momentum equation, by modifying the Su and terms as: 


^ 37r(l - e) jj, 

S, = 

k 


(6.34) 

(6.35) 


where the surface tension term is applicable only at the top surface layer control volumes. 
The advantage of this model is its elegance from the computational stand point. The Source 
term values for the three models are listed in Table 6.2 

Table 6.2: Source terms of the three models considered. 


MODEL 

Name 



Remarks 

1 

Enhanced viscosity 
model 

^%^7,.cos0 

— 

fi = 12 Poise 
within preform 



Superimposed porous 
media model 


Modified momuntum 
model 


^7.cos0 


7 ,„cos 0 -fu -fu 


Darcy’s equation 
is coupled 
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6.4.1 Analysis of model results 


O 

t-H 

X 

S 

hD 



Computational schemes for all three models were successfully implemented. Numeri- 
cally predicted flow patterns indicate that the flow vectors in the domain were predom- 
inantly aligned along the axial direction. For a 50 vol.% void fraction within the pre- 
form (e = 0.5), the magnitude of the flow vectors within the preform was approxi- 
mately twice that within the liquid metal reservoir. The rate of infiltration of metal 
(growth profile), as predicted by the 
three different models are compared in 

Figure 6.7. For a superficially enhanced ^ 

£ 

viscosity value of 12 Poise within the « 
preform domain, MODEL 1 could ac- 
curately predict the composite growth 
in the the early stages (< 2000 s) of 
composite growth. Whereas, MODEL 2 
resulted in an overestimate of infiltra- 
tion heights beyond ~2000 s. A perfor- 
mance comparison of the three models 

Figure 6.7: Infiltration profile comparison of the 
are given in Table 6.3. For a particular models. 

surface tension value, MODEL 3 could 

converge the fastest. For increasing values of surface tension, further under-relaxation was 
required for MODEL 1 and MODEL 2. This was achieved by increasing the value of ‘a’ in 
Equation 6.30, which in turn increased the number of iterations required for convergence. 
Variation in the surface tension and permeability value did not significantly affect the ability 
of MODEL 3 to converge. This is because the preform resistance force and the surface ten- 
sion force appear within the axial momentum equation and effectively balance one another. 
On the other hand, they are linked through the pressure term in MODEL 2. Due to its faster 
convergence and relative numerical stability, the modified momentum model (MODEL 3) 
was selected for further analysis. 


time (xlO^ s) 
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Table 6.3: Performance comparison of the three models. 


|K[WQ| 

Criteria 

Model 1 

Model 2 

Model 3 

1 

Convergence criteria 
(residual mass) [kg/m?] 

10-^^ 

10"^® 

10-15 

2 

No. iterations for 
convergence 

~2000 

~3000 

—800 

3 

Max. ST force/m^ before 
divergence occurred [N/m?] 

~102 

-10 

o 

1 — 1 

A 

4 

Viscosity within preform, p [P] 

12 

1.3x10“^ 

1.3x10-3 

5 

Preform permiability, k [m^] 

- 

7 X 10-^2 

7 X 10-12 


6.4.2 Model sensitivity tests 

Having chosen the modified momentum model, the following tests were carried out to estab- 
lish its computational stability of the model and reliability of the results. 

TEST 1. Sensitivity to Preform depth immersed in Liquid: To verify the initial 
wetting hypothesis (Assumption No. 6), computations were repeated increasing the number 
of grids in the axial direction that were assumed to be immersed in the liquid alloy. With 
increasing number of grids immersed in the liquid, computationally it was observed that 
the initial infiltration rate decreases (Figure 6.8). This can be explained since the effective 
preform resistance to infiltration is greater with increasing depth, while the surface tension 
remains constant. The velocity of the infiltration front was found to stabilize to a constant 
value after ~2000 s. 

TEST 2. Sensitivity to grid size distribution: So far, the results were obtained using 
a (17 X 12) grid system. To assess the influence of grid size on computation, additional grid 
configurations, (9 x 12) and (32 x 12) were tested. The resulting infiltration profiles are 
shown in Figure 6.9. An 8% increase in height for the finer grid and a 7% decrease in height 
for the coarser grid with respect to the (17 x 12) grid system are obtained. This difference 
arises because the surface tension force (which is acting only on the surface control volume) 
is balanced against a smaller preform resistance in case of the finer grid and vice versa. Here 
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time (xlO® s) 

Figure 6.8: Infiltration profiles with increasing number of grids initially immersed in the 
metal. 

again, the infiltration rate stabilizes to a constant value. 



Figure 6.9: Infiltration profiles with varying grid spacings in the axial direction. 

TEST 3. Sensitivity to time step factor: The unsteady state flow equations were 
solved by marching forward in time using a fully implicit numerical scheme. Consequently, 
the predicted results are expected to depend time step. At. In the present study, time step 
size was chosen in accordance with a geometric series (Equation 6.27). Figure 6.10 shows 
the infiltration profiles for various values of r. The infiltration profiles show no significant 
variation in growth kinetics for r = 2, 3 and 4. Therefore, the predicted results can be 
assumed to be independent of step height within the range applied. 
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Figure 6.10; Infiltration profiles with variation in time step factor. 

6.4.3 Sensitivity of predicted results to process parameters 

Having established the sensitivity of the model, it is important to establish its reliability 
in predicting experimental results. For this purpose three different cases are examined and 
qualitatively compared with available experimental results. In examining these cases, a 
17 X 12 grid with a time step factor of r = 3 is employed. These cases are described below 
in detail. 

CASE 1. Packing fraction: It is possible to vary the packing fraction of the preform for a 
given powder particle size, by increasing the compaction pressure or prolonging the sintering 
schedule. ‘Infiltration profiles for three void fractions, e = 0.45, 0.5 and 0.55 are shown in 
Figure 6.11. A variation in e alters the surface tension force and preform permeability k, 
according to Equation 6.29 and 6.20, respectively. The model predicts a faster infiltration 
for the more permeable preform, which is in accordance with expectation and predictions by 
the capillary-bundle model [14]. 

CASE 2, Particle size: Varying the particulate size while maintaining the packing fraction 
constant is another possibility. Infiltration profiles for particulate diameters of 40, 50 and 
60 fMm are shown in Figure 6.12. With increasing particle size for a constant void fraction, 
the preform becomes more permeable and the infiltration rate is enhanced. This trend in 
results is again consistent with predictions by the capillary-bundle model and experimental 
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Figure 6.11: Infiltration profiles with variation in preform pore fraction. 


obserration in AIN particulate preform [15]. On the other hand, Aghajanian et al. [25] have 
reported the opposite behaviour for infiltration in fused AI 2 O 3 preforms. It is possible that 
the spinel layer formation at the metal-ceramic interface is infiltration rate controlling. In 
which case, the surface area available for reaction increases with decrease in particulate size, 
augmenting infiltration. 



Figure 6.12: Infiltration profiles with variation in preform particulate size. 

Recently, Tai et al. [26] have by visual means obtained the profiles of Borosilicate aided 
AI 2 O 3 preform infiltration as a function of time (Figure 6.13). The application of a layer of 
Borosilicate almost entirely eliminates the incubation period and accelerated growth rates 
are obtained. Th(? seemingly linear nature of infiltration profiles is probably because of the 
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Figure 6.13: Infiltration profiles of Borosilicate aided aluminum infiltration through 
AI 2 O 3 preform at different temperatures[26]. 

ver}”^ short duration of infiltration observed. 

CASE 3. Temperature: Temperature influences several process parameters. In this 
section, the effect of temperature on surface tension is studied in isolation. In the previ- 
ous chapter on infiltration, an activation energy of 25 kJ /mol was obtained for infiltration 
through SiC preforms. This low value suggests a physical phenomena, such as surface ten- 
sion or viscosity as rate controlling. To verify this, infiltration profiles for various surface 
tension values in the temperature range 900-1 100°C were numerically computed. The value 
of 7 ,^, corresponding to different process temperature was computed from Equation 6.28. The 
corresponding change in contact angle was estimated by the empirical relation developed by 
Asthana [27]: 


cos 6 = -O.OOI 62772 + 1 . 78867 , „ - 797.49 (6.36) 

An activation energy of 18 kJ/mol is calculated for a surface tension dominant infiltration 
system (Figure 6.14). This value compares well with the experimentally obtained value, 
suggesting that the surface tension force is infiltration rate controlling. 
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Figure 6.14: Computationally estimated Activation energy calculation for a surface tension 
dominant system. 

6.5 Summary 


Until recentlj”, the mathematical modelling of metal infiltration have approximated the flow 
through through porous preforms to a flow through a bundle of capillary tubes. In contrast, 
for the first time, a flow through porous-bed approach, combining Navier-Stoke’s and Darcy’s 
equation has been applied. To this end, a transient, 2-dimensional, laminar flow model in 
cylindrical polar co-ordinate system was developed to simulate the flow behaviour. The aim 
of the theoretical model was to predict the overall growth of composite from a knowledge of 
the flow phenomenon. 

Three different modelling approaches, based on an implicit scheme were considered and 
implemented in the numerical solution scheme to simulate the porous-bed phenomenon. 
This included, (1) Enhanced viscosity model, (2) Superimposed porous media model and 
(3) Modified momentum model. For a superficial viscosity value of 12 Poise within the 
preform domain, Model 1 could accurately simulate the infiltration phenomenon during the 
early stages of composite growth. On the contrary, Model 2 predicted an overestimate of 
infiltration heights beyond ~2000 seconds. The permeability of the porous preform for the 
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present experimental conditions was estimated to be Of the three types o 

modelling approaches considered, the modified momentum model was preferred due to ifa 
faster convergence and relative numerical stability. 

To validate the model, sensitivity of infiltration height predictions to various numerical 
approximations, such as initial preform immersion depth, grid size distribution and time step 
factor were numerically verified. To establish the reliability of the model, the sensitivity of 
predicted results to certain process parameters were examined. Infiltration through preforms 
of different packing fraction and particulate size were numerically evaluated. The trend in 
the results predicted by the modified momentum model were in accordance with predictions 
of the capillary bundle model and experimental observations reported in the literature. The 
computationally estimated surface tension dependent activation energy for infiltration of 
18 kJ/mol is comparable to the experimentally determined value of 25 kj/mol for SiC 
infiltration. 
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Chapter 7 


Conclusions 


Based on the present study on processing, mechanical property and mathematical modelling 
aspects of melt infiltrated composites the following conclusions ensue. 

1. The microstructural development during nitridation of binary alloys (i.e. Al-Mg, Al- 
Zn, Al— Si, Al— Na) is limited to the formation of a passivating surface nitride layer with 
no composite formation. On the other hand, several Al-Si-Mg alloys, particularly 
those with a high Mg/Si ratio consistently form bulk nitrided composites with an 
interconnected AIN/Al network. 

2. The processing variables that are critical to nitride formation are the Mg/Si ratio. 
Oxygen partial pressure and processing temperature. By varying the alloy composi- 
tion and process temperature, four different nitridation reaction mechanisms are iden- 
tified. They are: (i) passivating surface nitride layer with no internal nitridation, (ii) 
predominantly surface nitride formation with diffusion controlled volume nitridation, 
(iii) bulk nitridation with extensive outward AIN/Al composite development and (iv) 
break-away nitridation with complete conversion to AIN. 

3. The role of Mg and Si solute atoms on the nitridation of aluminum alloys are multifold. 
Mg serves as an Oxygen getter and improves wettability by promoting interfacial reac- 
tions. Small amounts of Si, along with Mg, improves the nitridation kinetics and alters 
the reaction mechanism to one of bulk composite formation. On the contrary, Si in 
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large quantities affects nitridation by decreasing the diffusivity and possibly solubility 
of Nitrogen in the alloy. 

“Si 4. During nitridation of aluminum alloys, AIN having the wurtzite-type (hexagonal) struc- 

ture is known to be the stable phase for reactions occurring at atmospheric pressure. 
For the first time in the present work, due to the combined influence of Mg and Zn in 
the case of Al-2Si-4Mg-4Zn alloy, AIN of the Sphalerite and NaCl-type cubic struc- 
tures is found to be stable. 

5. Among the Al-Si-Mg alloys examined, Al-2Si-8Mg alloy optimally combined both 
nitridation kinetics and infiltration rate of porous SiC preforms to produce nearly 
dense SiC/AlN/Al composites. 

6. Infiltration through various SiC (particulate, platelet, short fibre and fibre) preforms 
was successfully demonstrated. In comparison to alloy nitridation, the improved con- 
version to AIN during infiltration is attributed to the reinforcement particle surface 
acting as sites for nucleation. The significance of surface chemistry is demonstrated by 
the nitridation behaviour in Nicalon and AVCO SiC fibres. The absence of nucleation 
of AIN on AVCO SVS-6 monofilaments is attributed to the presence of a C-rich surface 
layer. 

7. In the case of SiC particulate preforms, the infiltration kinetics improves with increase 
in reinforcement particle size and process temperature. The residual porosity decrease 
with decrease in particle size. An activation energy of 25 kJ /mol is obtained for 
infiltration, which corresponds to a physical phenomenon, such as surface tension force, 
as rate controlling. 

8. The lack of property improvement in fibre reinforced composites is attributed to fibre 
weakening caused by long exposure at high reaction temperatures. Maximum flexural 
and fracture toughness values of 250 MPa and 7.0 MPa^/m, respectively, are mea- 
.sured for SiC particulate reinforced composites processed at 950°C. The decrease in 
properties with increase in particulate size and process temperature observed in SiC 
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reinforced composites is a consequence of increase in porosity level. The environmenta 
degradation of the composite can be avoided by prior coating of particulates. 

9. To eliminate the residual aluminum, infiltration through intermetallic preform was 
attempted. Reactive infiltration of Nickel aluminide preforms facilitates faster infiltra- 
tion rates at temperatures as low as 750°C. Microstructure of infiltrated composites 
revealed interaction of A1 with intermetallic particles forming intermediate phases by 
dissolution and reprecipitation reactions. The catal 3 ^ic infiuence of Ni, along with the 
exothermic heat generated by intermetallic reactions causes an improved conversion of 
A1 to AIN. 

10. Retention of reinforcement particle morphology and a larger volume fraction of the high 
temperature intermetallic (Ni 2 Al 3 ) phase, along with increased AIN formation leads 
to improved mechanical properties for composites processed at lower temperatures. 
Best flexural strength and fracture toughness values of 255 MPa and 10.35 MPa^/m, 
respectively, are obtained for composites processed at 750°C'. 

11. A mathematical fluid flow model, based on flow through porous-bed phenomenon was 
developed in the 2-dimensional cylindrical polar coordinate system. Three different 
approaches were considered and numerically implemented to predict the composite 
growth behaviour. They include, (i) Enhanced viscosity model, (ii) Superimposed 
porous media model and (iii) Modified momentum model. It is shown that by ar- 
tificially enhancing the viscosity (to about 12 Poise) the porous-bed phenomena can 
be realistically simulated. Of the three types of approaches considered, the modified 
momentum model was preferred due to its faster convergence and relative numerical 
stability. 

12. The results predicted by the modified momentum model for variation in packing frac- 
tion and particle size was found to be physically realistic and consistent with experi- 
mental observations. The numerically estimated activation energ}' of 18 kJ /mol for a 
surface tension force dominant preform infiltration, is comparable to the experimen- 
tally obtained value. 




Chapter 8 


Scope for further work 


In light of the present work, the following areas are of interest for further study. 

1. Favourable wetting of the preform by the infiltrant is an essential criteria for pres- 
sureless infiltration. At present there is a dearth of contact angle data for various 
aluminum alloy /preform material combinations as a function of temperature in Nitro- 
gen atmosphere. For qualitative comparison of infiltration rates in various systems, 
additional experimental work to estimate thermophysical constants, such as viscosity, 
surface tension, etc. is essential. 

2. Prolonged holding at processing temperatures lead to both beneficial and undesired 
reinforcement/matrix interfacial reactions. In the case of SiC reinforcement, while 
the silica layer on SiC aids wetting, formation of moisture sensitive AI4C3 leads to 
progressive deterioration of mechanical properties. For this reason, it is necessary to 
further explore possible ways to suppress or altogether eliminate undesirable reactions. 

3 . The residual aluminum retained within the matrix limits the high-temperature ap- 
plicability of these composites. In the present study, it is shown that the aluminum 
can be converted to a high-temperature phase by infiltrating through an intermetallic 
preform. It is further reasoned that by a judicious mix of SiC and Nickel aluminide 
or Nickel within the preform, aluminum can be eliminated from the composite. Fur- 
thermore, it is desirable to study the high-temperature mechanical behaviour of such 



a composite and compare with conventional high-temperature materials. 

4. The mathematical model developed in the present study, based on the flow througl 
porous bed phenomenon, simulates the infiltration behaviour for variation in preforir 
particle size and packing fraction. Further development is required to take into ac- 
count additional factors, such as the interfacial reactions, AIN formation and transient 
wetting behaviour. Additionally, the influence of alloy composition, temperature and 
reaction gas composition on infiltration kinetics is yet to be modelled. 



Appendix A 


Calculation of Perimeter length 


Let us assume that the randomly packed preform particulates have a uniform radius, R and 
a pore fraction of epsilon. The probability of finding a circle of radius r; 0 < r < i?, in a 
sphere of radius R is given as: 


N{r) = 


(A.1) 


RVB? - r2 

In a random cross-section of the preform, the area fraction occupied by the preform partic- 
ulates may be expressed as: 


C —-^===7cr^dr = (1 - e) 

Jo R^R? - r2 ^ ' 

where C is the scaling factor. On intergrating and applying the limits, 

P _ 3 (1 - 6) 

2 txR? 


(A.2) 


(A.3) 


Then, the length of the particulate perimeter per unit cross-sectional area (P) of the preform 
can be calculated as: 


rR 

’ = C/ ■ 
Jo , 


=27rrdr 


RA/R?-r^' 

On intergrating and applying the limits for r, and substituting 2R 
particle diameter. 


(A.4) 

d, where d is the 


Stt (1 — e) 

1 T~ 


(A.6) 


P is expressed in units of m 
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Flow diagram of computer model 
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